Macromolecules

PERSPECTIVE

Block Copolymers for Fuel Cells

Yossef A. Elabd*" and Michael A. Hickner***

Macromolecules 2011, 44, 1-11 1
DOI: 10.1021/mal01247c

" Department of Chemical and Biological Engineering, Drexel University, Philadelphia, Pennsylvania 19104,
United States, and *Department of Materials Science and Engineering, Pennsylvania State University,

University Park, Pennsylvania 16802, United States

Received June 4, 2010; Revised Manuscript Received November 7, 2010

ABSTRACT: Ion-containing block copolymers hold promise as next-generation proton exchange mem-
branes in hydrogen and methanol fuel cells. These materials’ self-assembled ordered nanostructures facilitate
proton transport over a wide range of conditions, a requirement for robust fuel cell performance. In this
perspective, we will present an overview of the morphology and transport properties of ion-containing block
copolymers that have been studied to gain insight into the fundamental behavior of these materials and, in
some cases, are targeted toward applications in fuel cells and other electrochemical devices. We will discuss
the challenges associated with predicting and obtaining well-ordered morphologies in block copolymers with
high ion content, particularly those with chemistries that can withstand the chemical and mechanical stresses
of the fuel cell, such as aromatic backbone block copolymers. New opportunities for ion-containing block
copolymers in alkaline membrane fuel cells will also be reviewed.

Introduction

Proton exchange membrane (PEM) fuel cells generate elec-
trical energy directly from a chemical fuel and have attracted
considerable interest as alternative power sources for large
market applications, such as transportation (hydrogen fuel cells)
and portable electronics (methanol fuel cells). The advantages of
fuel cells are their high efficiency and power/energy density, low-
temperature operation, rapid start-up time, and potential to
operate with fuels from renewable sources at a lower environ-
mental cost compared to fossil fuels. The PEM, generally com-
posed of a polymer with covalently tethered ionic groups, is the
central component of the fuel cell serving as the electrolyte,
conducting protons from the anode to the cathode, where facile
transport of protons (conductivity) is directly related to fuel cell
power output (Figure 1). However, PEMs currently used in fuel
cells exhibit poor transport properties at desired fuel cell operat-
ing conditions, such as low proton conductivity at high tempera-
tures (> 80 °C) and low humidities (< 50% RH) in hydrogen fuel
cells and high fuel crossover rates at high fuel concentrations in
methanol fuel cells.

Typically, the ion-containing polymers used in fuel cells consist
of florinated or aromatic backbones with sulfonic acid pendant
groups (i.e., sulfonated polymers) that require water solvation for
effective proton transport and therefore adequate fuel cell per-
formance. Recently, researchers have made significant advances
toward understanding proton and small molecule transport in
ion-containing polymer membranes,* and early experiments
revealed that transport properties were in Eart dependent on
polymer morphology or ionic nanostructure.”* Numerous mod-
els have been proposed for the structure of sulfonated polymers
used in fuel cells.” '* Although there are diverse observations and
data regarding the detailed morphology of sulfonated polymers,
there is a consensus that phase segregation between the ionic
groups and polymer backbone occurs to create a nanoscaled
morphology of ionic (hydrophilic) and nonionic (hydrophobic)
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domains. In general, findings show that protons and hydrophilic
molecules (e.g., water, methanol, other polar organics) transport
through this interconnected solvated ionic network and the transport
properties can be highly dependent on the ionic morphology.'*'®

Over the past decade, many efforts to synthesize new polymers
for PEM fuel cells have been reported.'” > In all of these
sulfonated polymer examples, the ionic nanostructures in terms
of their size and connectivity were, in general, poorly controlled. In
contrast, self-assembled block copolymers can lead to well-defined
nanostructures where the morphology and domain size are tunable
on the nanoscopic length scale.*** Ton-containing block copoly-
mers in which only one of the blocks is sulfonated, or contains
other types of tethered ions, are attractive because they conjoin the
attributes of regular structure and ion conduction where one of the
microdomains contains the ionic moiety and facilitates transport,
while the other nonionic microdomain provides mechanical sup-
port to the membrane. Sulfonated block copolymers are intriguing
materials as fuel cell membranes because the combination of ionic
and nonionic blocks provides the potential for highly ordered
morphologies where transport properties can be tailored in a
reliable fashion. Thus, a detailed study of these types of materials
may allow researchers to determine the morphological effects
on conductivity that are difficult to elucidate for randomly
functionalized systems.

Sulfonated block cogol};mers were first reported in the patent
literature in the 1960s.%?’ In the academic literature, work on
sulfonated block copolymers did not appear until the 1990s,
where reports during this decade focused on the sulfonation and
structural and thermal characterization of styrene-based block co-
polymers at low ion exchange capacities (IECs; <0.5meq g~ ').%73
One result of interest on lightly sulfonated block copolymers
includes work by Wiess and co-workers®* on sulfonated poly-
(styrene-b-(ethylene-r-butylene)-b-styrene) revealing coexisting
morphological length scales with ~3—4 nm spacing for the ionic
clusters within block copolymer microdomains with ~20—30 nm
spacing. In general, these early reports on sulfonated block
copolymers consisted of low TECs (i.e., lightly sulfonated), and
transport properties were not measured.
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Only during the past decade have sulfonated block copolymers
with higher IECs (~1—2 meq g ') been reported and their
transport properties studied. Examples include sulfonated poly-
(styrene-b-(ethylene-r-butylene)-b-styrene),*>*° sulfonated poly-
(styrene-b-isobutylene-b-styrene),”” sulfonated poly(vinylidene
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difluoride-co-hexafluoropropylene-b-styrene),*® and sulfonated
poly(arylene ether)s.*” A number of recent studies have demon-
strated significant enhancement in proton conductivity in sulfo-
nated block copolymers compared to their sulfonated random
copolymer counterparts and have shown conductivities across a
wide range of temperatures and relative humidity that are higher
than Nafion (DuPont; 0.91 meq g~ '), the benchmark polymer
used in fuel cells.*®*°~* In this perspective, we will highlight the
morphological development in sulfonated block copolymers and
observations from the literature on their solid-state structures.
Salient examples are shown in Table 1. We will also review find-
ings on how parameters such as block copolymer chain architec-
ture, microdomain size and orientation, crystallinity, and cross-
linking affect morphology and subsequently transport properties
in these types of materials. Challenges with obtaining well-
ordered equilibrium morphologies at high IECs and strategies to
obtain improved transport selectivities will be presented. Also, we
will discuss new opportunities for ion-containing block co-
polymers in alkaline membrane fuel cells.

Sulfonated Block Copolymer Morphology

Flory—Huggins theory and models developed by Helfand and
Matsen,”® > among others,”**> provide accurate predictions of
the phase behavior of many block copolymers with a wide variety
of chemical constituents. Harnessing the regular arrangement
and potential for long-range order of block copolymers to affect
fast transport has been a goal for at least the last 20 years.*®
Lately, researchers in the polymer and membrane communities
have designed materials with highly ion conductive domains
whose size and connectivity are determined by block copolymer
phase separated morphology. One early example includes the
creation of ion-rich domains in a membrane using a graft copoly-
mer that enhanced the ion conductivity over its random analog
(Figure 2).°7 Extensive experimental studies have proven that
blocky structures are valuable for enhancing ion transport in
many cases, but a fundamental description for rigorously under-
standing how the presence of tethered ions affects block copoly-
mer morphology has not been worked out. Furthermore, the
“ideal” morphological features for creating membranes with the
highest attainable ionic conductivity have not yet been deter-
mined. Therefore, design of materials with ion-rich domains that
transmit ions rapidly across a membrane has been limited to
“synthesize and check” strategies and it has been difficult to
gauge how close the community has come to achieving the
optimized properties of these materials.

Ton clustering and ion repulsion in polymers that have cova-
lently tethered ions to the backbone chain have been studied
extensively in ionomers with low ion content™ and polyelectro-
lytes with high ion content:* the two opposite ends of the ion-
containing polymer spectrum. Tonic clusters are known to in-
crease the T, and mechanical properties of polymers, and iono-
mers have been used to good effect as structural materials.*
Generally, morphological observations in ionomers were made
on materials with the acid groups neutralized with metal
cations.®"®* Placing ionic moieties on polymer chains in a low
dielectric constant medium (such as a polymer melt or nonpolar
solvent) has been shown to induce chain aggregation and coil—
globule transitions due to ionic monomers exhibiting strong
dipolar attraction when the ionic groups are paired.**** Oppo-
sitely, soluble polyelectrolytes with high concentrations of ions
show expanded conformations, termed the “polyelectrolyte effect,”
when studied in a high dielectric constant solvent.®> Sulfonated
block copolymers occupy a middle ground between ionomers and
polyelectrolytes, where the ion content is reasonably high, but the
polymer remains water insoluble. The selective sulfonation of one
block and the resulting dipolar and electrostatic interactions
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Figure 1. Schematic of PEM fuel cell (left) and polarization curves (cell voltage vs current density; right). Fuel cell schematic shows hydrogen (top) and

methanol (bottom) half-cell reactions.

between monomers, depending on the extent of ionization within
that block, may cause significant conformational asymmetry in
ion-containing block copolymers and, thus, shift the phase
diagram in these materials from what one might expect given the
volume fractions of the two blocks.*®

The solubility parameter of styrene sulfonate was measured
experimentally by Lu and Weiss®’ to be 34.0 (J cm )", where-
as the solubility parameter of styrene is 18.6 (J cm ) ~*.%® This
large increase in solubility parameter with sulfonation leads to the
formation of very small clusters of ions in lightly sulfonated poly-
(styrene). The high solubility parameter for sulfonated styrene
and the presence of strong dipoles and/or ionized groups calls
into question whether Flory—Huggins theory can be used to
accurately describe the interactions between the components in
the system.

Balsara and co-workers have performed in-depth experimental
and simulation studies on sulfonated poly(styrene-b-methylbuty-
lene) diblock copolymers to determine the origins of the phase
behavior of these polymers in the presence of tethered ions.
Through small-angle X-ray scattering (SAXS) order—disorder
transition (ODT) measurements and determination of the neu-
tron scattering structure factor of a disordered sample, they esti-
mated the ysg.s (sulfonated styrene—styrene) to be 5.89.%” They
then used this value to describe the phase behavior of sulfonated
chains with alternatin(g and blocky sulfonated styrene sequences
in modeling studies.”” The authors did not include dipolar or
electrostatic interactions between monomers as the traditional
«N description only encompasses dispersion forces and chain
length. In the modeling work, they concluded that y parameters
give a general description of the phase behavior of sulfonated
block copolymers, but experimentally observed ODTs and order—
order transitions (OOT) with p*¢N were not replicated in the
simulations. The authors postulated that the exact placement of
sulfonate groups in the hydrophilic phase may have an effect on
the ordering behavior as even small sequences of sulfonated
monomers will tend to phase separate from nonionic regions
due to their high y. This work demonstrates, as the authors state,
that more sophisticated models incorporating specific ionic and
dipolar interactions are needed for quantitative agreement be-
tween experiment and simulation for these types of materials.

There are a few studies showing unequivocal evidence of highly
ordered ion-containing block copolymers with IECs greater than
1 meqg~". Examples from Balsara and co-workers®® include well-
ordered phases in sulfonated poly(styrene-b-methylbutene). Both
microscopy and X-ray scattering provides evidence of micro-
phase separated domains with long-range order in highly sulfo-
nated samples (53 mol % of poly(styrene) block) with high
molecular weight (up to 43 kg mol™"). Interestingly, the mor-
phological phases that are predicted by self-consistent mean field
theory as a function of volume fraction of the sulfonated phase
were not necessarily observed. For instance, sulfonated poly-

(styrene-h-methylbutene) show disordered, lamellar, hexagonal-
packed cylinders, hexagonally perforated lammellar, and gyroid
phases all within a narrow volume fraction range (0.45—0.5) of
sulfonated poly(styrene) as a function of the mol % sulfonation
in the styrene phase and molecular weight.®” In this volume frac-
tion range, conventional block copolmers usually exhibit only
lamellae or a disordered morphology. Mauritz et al.”" observed a
morphological transition from hexagonally packed cylinders for
an unmodified 70 kg mol ' sulfonated poly(styrene-b-(ethylene-
r-butylene)-b-styrene) triblock copolymer with 30 mol % styrene
content to lamellae for a 12 mol % sulfonated sample. Mauritz
et al.'” hypothesized a few mechanisms for the morphological
shift with sulfonation, including increased interfacial surface
tension between the phases resulting from an increase in ys.gp.
This increase would drive minimization of surface area and thus a
transition from cylinders to lamellac. Elabd et al.** observed a
similar transition in a sulfonated poly(styrene-h-isobutylene-b-
styrene) triblock copolymer (M, = 48850 g mol™", 31 wt %
styrene) from cylinders to lamellae at low sulfonatation level
(degree of sulfonation 13 mol %, ~IEC 0.4 meq g~ ') and a
second periodic to nonperiodic transition once the IEC reached
1.0 meq g~ !, ~40 mol % sulfonation.

Generally, well-ordered morphologies typically observed in
nonionic block copolymers have only been demonstrated in
sulfonated block copolymers with sulfonation levels at or below
50 mol % and M, less than 100 kg mol '.”* Rubatat et al.” and
Saito et al.*® have shown somewhat ordered block copolymer
phases in samples with molecular weights of 20—100 kg mol ™
and degrees of sulfonation of up to 100 mol %. However, the mor-
phologies obtained in these investigations on high molecular weight
systems with high degrees of sulfonation are not as ordered as those
discussed above as evidenced by microscopy and scattering studies.

Sulfonated block colymers that do not contain sulfonated
styrene moieties, such as aromatic block and segmented
copolymers, have also been shown to yield distinct ionic nano-
phases attributed to phase separation of the hydrophilic and
hydrophobic blocks.**”*7* These materials are generally synthe-
sized by step-growth polymerization and therefore have poly-
dispersity indices (PDI) that are greater than 2.0. Despite their
high PDIs, phase separated morphologies were observed in these
materials that could be tuned by altering their chemical composi-
tion and the processing conditions during the formation of cast
membranes. These types of polymers are more suited for long-
term operation in a fuel cell, because the chemical environment
(i.e., formation of free radicals) in a fuel cell degrades aliphatic
polymers more readily than aromatic polymers. However, their
controlled synthesis can be difficult and the lack of highly regular
and predictable phases has hampered efforts to quantitatively
describe the ordering behavior of these systems. Figure 3 shows
examples of microscopy and scattering data from ion-containing
block copolymers with varying degrees of order as determined by
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Table 1. Examples of Ion-Containing Block Copolymers That Have Been Studied As Proton Exchange Membranes

Chemical Structure

Attributes Reference

+ aliphatic backbone

* widely available

* low PDI . 35

Kim et al.

» many unsulfonated
reports

« extensively studied

sl

SO,H

« aliphatic backbone
« widely available Elabd et al.”’

* low PDI

«HCHZ—CFZ)—(CFZ-(I:F
n
CFs

mly

« fluorinated block Holdcroft et al.*®

« aliphatic backbone

« excellent
morphological

P ¢ Balsara et al.**
control

*widely tunable

synthesis

(7]

Q
k O c-0 cu,—cp,-)r-l(crr

[*}
CF3 O

* fluorinated center

Wang ct al.*?
blocks

« aliphatic backbone

« high molecular
weight Hickner et al.*®

«sulfonated center

blocks

« aliphatic backbone
« crosslinkable Hillmyer et al.*”

« latent ionic groups

« aromatic backbone

« high chemical
stability McGrath et al.**

* demonstrated fuel

cell performance

O FOEDHE-OFOR

SOsH)i:
(SOsHer |

Q0

« aromatic backbone

« high chemical
stability Miyatake et al.*

* demonstrated fuel

cell performance

transmission electron micrographs and the presence a
of higher order SAXS peaks.
Achieving long-range order and testing whether

nd intensity

long-range

order is necessary for high conductivity in a wide variety of

sulfonated block copolymers has proven difficult as

most sulfo-

nated polymers show evidence of defects in transmission electron
micrographs or have low intensity higher order scattering peaks.
Foremost, annealing sulfonated block copolymers to obtain
morphologies that approach equilibrium is difficult due to the
high T, of sulfonated poly(styrene). The 7, of poly(styrene)
climbs quickly from 105 °C at 0 mol % sulfonation to 160 °C

at 20 mol % sulfonation® and above 200 °C for high degress of
sulfonation. The desulfonation temperature for sulfonated poly-
(styrene) has been reported to be approximately 220 °C,” making
it nearly impossible to anneal highly sulfonated block copolymers
to an equilibrium morphology without causing chemical degra-
dation. Additionally, aggregation of ion-functionalized chains in
solution and limited solubility of hydrophilic—hydrophobic
block copolymers can frustrate the development of an equilibrium
solid-state morphology during the solution casting process.

Thus, observations on the morphological structure of sulfonated
block copolymers can be highly sensitive to processing conditions
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Figure 2. Solid-state morphololgy as evidenced by TEM of Pb*" stained poly(styrene)-g-poly(styrene sulfonate) (left) and poly(styrene)-r-poly(styrene
sulfonate) (center) copolymers and proton conductivity (oy; right) for the two copolymers showing that graft copolymers with connected ion-rich

nanodomains have increased conductivity.
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Figure 3. Transmission electron micrographs and small-angle X-ray scattering data for sulfonated poly(styrene-h-methylbutene) 3.1—2.6 kg mol ",
21 mol % sulfonation (left column),* sulfonated poly(hexylmethacrylate-h-styrene-b-hexylmethacrylate) 58.6—69.1—58.6 kg mol~', 100 mol %
sulfonation (middle column), reproduced from ref 76 by permission of The Royal Society of Chemistry, and sulfonated poly(arylene ether sulfone)
15—15 kg mol ™! segmented multiblock, 100 mol % sulfonation (right column), reprinted from ref 77 with permission from Elsevier.

and methods such as thermal or vapor annealing have not been
widely employed for these materials. While there are still details
to uncover to allow for predictive design of sulfonated block
copolymers with specific characteristics, the morphologies ob-
served in sulfonated block copolymers do, in some cases, lead to
superior transport properties as detailed in the sections below.

Block Copolymers in Hydrogen Fuel Cells

In the hydrogen fuel cell, ion-containing polymer membrane
requirements include chemical and mechanical stability over a
wide range of temperatures and the membrane must also exhibit
sufficient proton conductivity at low water content. The proton
conductivity of typical sulfonated polymers is highly dependent
on water content, with values on the order of 10~' S cm™ ' when
fully saturated, but decreases by orders of magnitude at lower
water contents. There are numerous advantages to operating the
fuel cell at higher temperatures and lower humidities, such as
increasing catalytic activity, reducing cathode flooding, and
eliminating the need for external humidification equipment. At
higher temperatures, sulfonated polymers can dehydrate or their
domain structure can become phase-mixed or disordered,®! thus,
reducing proton conductivity and cell performance.®*** There-
fore, understanding water—polymer interactions and developing

new ion-containing polymers that can conduct protons at higher
temperatures (> 80 °C) and lower humidities is desired.

Similar to most sulfonated polymers, sulfonated block copol-
ymers exhibit increases in proton conductivity with TEC and
water content. Due to their distinct ionic domain structure, block
copolymers generally have different relationships between IEC,
water content, and proton conductivity compared to their ran-
dom copolymer counterparts. Figure 4 shows proton conductiv-
ity as a function of hydration number (4, the moles of water per
moles of sulfonic acid moiety) for Nafion, block, and random
copolymers at 80 °C. This data confirms the previous studies of
Holdcroft et al. that showed a conductivity increase for blocky
polymer architectures.”” The data also highlights the importance
of considering the hydration of the sample, as water uptake is a
key determinant of proton conductivity. The figure shows that
the block copolymer has a lower conductivity than Nafion at low
hydration, but at hydration numbers greater than 4—5, the
conductivity of the block copolymer exceeds that of Nafion. This
trend is likely due to the higher acidity of the perfluorosulfonic
acid groups in Nafion, which promote high conductivity at low
hydration numbers, as compared to the aryl sulfonic acid groups
in the aromatic block copolymer. At high hydration, where the
acidity difference is less important, the ionic domain structure of
the block copolymer yields higher conductivity than Nafion.
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Figure 4. Proton conductivity as a function of hydration number for
Nafion (blue diamond) and aromatic random (black square) and block
(green triangle) copolymers at 80 °C.*+
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Figure 5. Room-temperature through-plane conductivity for Nafion
(blue diamond), sulfonated poly(styrene-b-isobutylene-b-styrene) (green
circle), and sulfonated poly(styrene) (orange square).

Changes in morphology with sulfonation or hydration* can
lead to large alterations of transport properties. For example, the
work of Elabd et al.** on sulfonated poly(styrene-b-isobutylene-
b-styrene) revealed morphological transitions from periodic
lamellar morphology preferentially oriented in the plane of the
membrane (anisotropic) at IECs ranging from 0.5 to 1 meq g
to a nonperiodic cocontinuous morphology (isotropic) at IECs
ranging from 1.1 to 2 meq g '. This morphological transition
resulted in a discontinuous abrupt increase in conductivity with
increasing IEC (Figure 5). Similarly, work by Kim et al.®
revealed a morphological transition in sulfonated poly(styrene-
b-(ethylene-r-butylene)-b-styrene) from periodic lamellar to a
nonperiodic structure with a change in casting solvent from
tetrahydrofuran (THF) to a THF/methanol mixture. The ob-
served transition coincided with a 1 order of magnitude increase
in proton conductivity without a change in IEC. Further work by
Elabd et al.*? also showed that proton conductivity can change by
3 orders of magnitude in sulfonated poly(styrene-b-isobutylene-
b-styrene) due to changes in morphology induced by solution
casting from different toluene/alcohol mixtures, again, without
changing the ion content of the polymer. These results demon-
strate that sulfonation of block polymers can disrupt the phase
behavior of the nonionic base material, presumedly due to the
increase in the effective y of the sulfonated block and possible

Elabd and Hickner

changes in the sulfonated block chain conformation. Moreover,
these morphologies are sensitive to casting solvent and can result
in a variety of nonperiodic kinetically trapped nonequilibrium
morphologies that impact transport properties. Morphologies of
highly sulfonated block copolymers are difficult to predict and
equilibrium states are not readily obtained. But, it is of great
interest to understand and control these structures because they
have a significant effect on proton conductivity.

Both Figures 4 and 5 highlight that sulfonated block copoly-
mers exhibit enhanced proton conductivity compared to other
sulfonated polymer architectures (e.g., random copolymers) at
similar IECs and water contents. This connection between mor-
phology and transport properties was also shown by Shi and
Holdcroft®® in their work on sulfonated poly([vinylidene
difluoride-co-hexafluoropropylenel]-b-styrene), where higher
conductivities were observed compared to both random
and graft copolymers of sulfonated poly(styrene) at the same
IEC. Also, higher conductivities were reported in the fluorinated
block copolymer compared to other nonfluorinated sulfonated
block copolymers (e.g., sulfonated poly(styrene-b-(ethylene-r-
butylene)-b-styrene)). Transmission electron microscopy (TEM)
of these materials showed an interconnected phase-separated
morphology with ion channels on the order of 8—15 nm. Many
other investigators have reported greater absolute proton con-
ductivities in sulfonated block copolymers and the strategy of
creating ionic phase separated morphologies with block copo-
lymers is now considered one of the routes to advanced
PEMS.38’40_44

McGrath et al.*'*% have shown that higher water diffusion
coefficients in block copolymers is one of the mechanisms by
which block copolymers achieve higher conductivity compared to
their random analogs. These authors found that NMR pulsed-
field gradient water self-diffusion coefficients were not a function
of diffusion length at long diffusion times in block systems and in
Nafion, whereas random architectures had steadily decreasing
water self-diffusion coefficients with diffusion length. Thus, block
copolymers, in addition to concentrating ionic groups in a highly
sulfonated domain, seem to have an influence on the water
behavior, which is intimately tied to their proton conduction
properties.

Both the orientation and size of block microdomains have been
shown to impact proton conductivity. For example, an order of
magnitude difference was observed when comparing in-plane and
through-plane conductivities for sulfonated poly(styrene-b-iso-
butylene-b-styrene) with anisotropic lamellae oriented in the
plane of the membrane.®® Park and Balsara were able to obtain
both lamellar morphologies oriented in the plane (by hot press-
ing) and perpendicular to the Plane (by both E-field and flow
alignment) of the membrane.®” They observed a difference in
conductivity measured in two different directions for the samples
with lamellae oriented in the plane, but not for those perpedicular
to the plane. They suggested a possible lack of connectivity across
misaligned microdomains in the samples with lamellae perpedi-
cular to the plane to be the reason for no observed difference in
directional conductivity. Park et al.* showed that proton con-
ductivity improves under hot (90 °C) and dry (50% RH) condi-
tions in sulfonated poly(styrene-b-methylbutene) for micro-
domain sizes below 5 nm. Chen et al.*’ work on cross-linked
poly(norbornenylethylstyrene-s-styrene)-poly(n-propyl-p-styrene-
sulfonate) block polymers confirms these results where conduc-
tivity improved for microdomains below 5 nm in size. In addition
to these microdomain effects, Uehara et al.®® recently showed
that crystallinity in the nonconductive microdomain of sulfo-
nated poly(ethylene-b-styrene) can alter the conductivity—water
uptake relationship. This last example suggests that changes
to the nonionic block microdomain can also affect proton
transport.
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Block Copolymers in Methanol Fuel Cells

Similar to hydrogen fuel cells, methanol fuel cells produce
electrical energy directly from a chemical fuel, but instead of
employing hydrogen gas as the fuel, a liquid solution of methanol
and water is fed to the anode (see Figure 1). Although methanol
fuel cells have energy densities double that of current lithium-ion
rechargeable batteries at an overall efficiency of only ~20—25%,
there are a number of critical factors that hinder the methanol fuel
cell from reaching its maximum theoretical efficiency (100%).%
One key limitation of methanol fuel cell operation is high
methanol flux (also referred to as methanol crossover) in cur-
rently employed ion-containing polymer membranes, which
contributes to low overall cell power, efficiency, and lifetime.”*!
Although common sulfonated polymers exhibit the desired high
water-saturated proton conductivities, these materials also pos-
sess undesired high methanol permeabilities (~10~¢ cm?/s). When
methanol permeates at this rate across the polymer membrane in
the fuel cell, the catalytic reaction of methanol at the cathode
competes with oxygen reduction resulting in a mixed potential
and a loss of fuel. Therefore, low methanol fuel concentrations of
~1—=2 M are typically fed to the anode instead of the desired
equimolar (~17 M) anode half-cell reaction concentration,
because methanol flux increases significantly with increasing
methanol concentration.”® If the methanol flux across the mem-
brane was drastically reduced, higher methanol fuel concentra-
tions could be used, which would result in significantly higher cell
voltages and power densities. In response to the methanol cross-
over problem, a variety of new ion-containing polymer mem-
branes have been synthesized, with the goal of high proton
conductivit%/ coupled with high methanol resistance (i.e., high
selectivity).”>

In regard to transport phenomena in polymers for methanol
fuel cells, the transport of protons, water, and methanol occur in
the polymer simultaneously, where various gradients (i.e., driving
forces) and molecular interactions are present. In practice, gen-
erally only two primary experimental measurements are con-
ducted on newly developed ion-containing polymer membranes
for methanol fuel cells: proton conductivity and methanol
permeability, where the aim is both high proton conductivity
and high proton/methanol selectivity. Selectivity, o, has been
defined as a ratio of the measured proton conductivity and
methanol permeability:*

o,  D,C,F?

= P T DuKuRT M)

where proton conductivity, oy, described by the Nernst—Einstein
equation, is linearly proportional to the proton diffusion coeffi-
cient, Dy, and the concentration of protons in the polymer, C,,.
Methanol permeability is the product of the methanol diffusion
coefficient, Dy, and the methanol partition coefficient, K. In-
creasing selectivity in PEMs is a challenge since several of the
factors in eq 1 are interdependent and linked through the chemi-
cal composition, hydration state, and morphology of the PEM.
Equation 1 is a simplified view of the problem, where in reality,
the transport of protons, water, and methanol in an ionic polymer
membrane in a methanol fuel cell is complex and includes multi-
ple concentration gradients (multicomponent diffusion: the effect
of the concentration gradient of each component on the flux of
the other), molecular scale interactions (hydrogen bonding and
ionic interactions between protons, water, methanol, and the
polymer), and an electrical potential gradeint. Although all of the
these mechanisms have not yet been fully explored, numerous
investigations have reported general transport trends, where
increasing ion content (IEC) usually results not only in increased
water content and proton conductivity, but also in increased
methanol permeability. In other words, most investigations
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Figure 6. Room-temperature through-plane conductivity vs methanol
permeability for Nafion (blue diamond), sulfonated poly(styrene-b-
isobutylene-b-styrene) (green circle), and sulfonated poly(styrene)
(orange square).

report that proton and methanol transport usually increase or
decrease simultaneously in sulfonated polymers due to the
coupled nature of IEC and water uptake making it difficult to
achieve high selectivities at high proton conductivities.**

Several sulfonated block copolymers have been explored in
regard to their performance in a methanol fuel cell.*® Although
the morphological benefits of block copolymers have resulted in
enhanced proton transport compared to other polymer architec-
tures, these results have usually not translated into higher selec-
tivities. For example, numerous reports on sulfonated styrene-
based block copolymers have demonstrated improved proton
conductivity with changes to morphology by changing IEC or
casting solvent as described in the previous section. However,
these changes also coincided with simultaneous increases in
methanol permeability with no significant change in selectivity.
Figure 6 shows the proton conductivity and methanol perme-
ability of sulfonated poly(styrene-b-isobutylene-b-styrene) com-
pared to a random copolymer sulfonated poly(styrene) and
Nafion. All of the sulfonated polymers have a similar selectivity
regardless of IEC, water content, polymer chemistry, chain archi-
tecture, or morphology. This conductivity/permeability trade-off
has also been observed in many other PEMs, including block and
random copolymers.

Recently, Hallinan and Elabd®* demonstrated the measure-
ment of multicomponent diffusion and sorption of methanol/
water mixtures in a sulfonated polymer using time-resolved
Fourier transform infrared-attenuated total reflectance spectros-
copy. These results quantitatively show that the primary con-
tributing factor to the increase in methanol flux (with increasing
methanol solution concentration) is methanol sorption (i.e.,
partitioning) in the polymer and not methanol diffusion. This
suggests that future polymer synthesis strategies should focus on
developing ion-containing polymers that sorb less methanol as
opposed to creating morphological obstacles to retard methanol
diffusivity.

These results were supported by Won et al.”” in their work on
cross-linked  sulfonated poly(styrene-b-butadiene-b-styrene),
which demonstrated the combination of high water-saturated
proton conductivities and high selectivities. They reported selec-
tivity an order of magnitude higher than un-cross-linked sulfo-
nated block polymer and Nafion. Also, their data demonstrated
higher proton conductivities (by orders of magnitude) when
compared to a cross-linked random coplymer of sulfonated
poly(styrene-r-butadiene). They postulated that cross-linking
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Figure 7. Room-temperature in-plane (open symbols) and through-
plane (closed symbols) conductivity vs methanol permeability for Nafion
(blue diamond), sulfonated poly(styrene-h-isobutylene-b-styrene) (green
circle),*? cross-linked sulfonated poly(styrene-b-(ethylene-r-butylene)-
b-styrene) (black diamond),” and cross-linked poly(norbornenylethy-
Istyrene-s-styrene)-poly(n-propyl-p-styrenesulfonate) (pink square).*

the nonconducting block minimized swelling in the conducting
block upon exposure to solvents and therefore sorbed less
methanol while mainting high water-saturated proton conductiv-
ities. Their hypothesis was confirmed with no observable change
between dry and wet X-ray scattering, where a change in micro-
domain spacing was observed for the un-cross-linked sulfonated
block copolymer. Also, this study showed a clear advantage
compared to a random copolymer, where the cross-linked sulfo-
nated block copolymer exhibited both high selectivity and con-
ductivity, while the random copolymer had significantly reduced
proton conductivity.

Ishikawa et al.”® supported these findings with their studies
of cross-linked multiblock copolymers of sulfonated poly(aryl
ether ketone), where the methanol crossover rate was reduced
without decreasing proton conductivity. Their results also
showed improvements over the cross-linked random copolymer.
These data were further supported in work by Chen et al.*’ on
cross-linked poly(norbornenylethylstyrene-s-styrene)-poly(n-pro-
pyl-p-styrenesulfonate) block polymers, where lower methanol
permeability was reported, while high proton conductivity was
maintained. These results suggest that the combination of an
ordered block copolymer morphology with a nonswellable ion
conductive block can result in the desired combination of high
proton conductivity and high proton/methanol selectivity.
Figure 7 shows how the cross-linked sulfonated block copoly-
mers developed by Won et al.”” and Chen et al.*’ deviate from this
proton/methanol trade-off.

Figure 7 also demonstrates the difference between two proton
conductivity measurement techniques: in-plane (usually mea-
sured using four electrodes in the plane of the membrane; open
symbols) and through-plane (measured using two electrodes
through the plane of the membrane; solid symbols). There is
approximately a 2-fold difference in conductivity for Nafion
(isotropic morphology) reported between these measurement
techniques, which is likely a product of interfacial resistance
being a large fraction of the total resistance in the two-electrode,
through-plane measurement.®*®*” However, the through-plane
measurement is more applicable to fuel cell operation, where
proton transport across the thin dimension of the membrane is
most important. Therefore, the differences between these tech-
niques should be considered more carefully when investigating
PEMs with anisotropic morphologies. For example, the data in
Figure 7 shows in-plane measurements for sulfonated poly-
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Figure 8. Half reactions of the alkaline fuel cell (left) and chemical
motifs for attaching sulfonate or quaternary ammonium moieties onto
a main-chain aromatic polymer or incorporating these groups into a
polymer through styrene residues.

(styrene-h-isobutylene-b-styrene) triblock copolymers with la-
mellar microdomains preferentially oriented in the plane of the
membrane, which resulted in proton conductivities and selectiv-
ities an order of magnitude higher than through-plane mea-
surements.® Won et al.”” data on cross-linked sulfonated
poly(styrene-b-(ethylene-r-butylene)-b-styrene) was similar.
They reported only in-plane measurements on cylindrical mor-
phology samples (with no information about microdomain
orientation provided). Chen et al.*’ work on cross-linked poly-
(norbornenylethylstyrene-s-styrene)-poly(n-propyl-p-styrenesul-
fonate) block polymers showed minimal difference between in-
plane and through-plane measurements due to an isotropic
bicontinuous microphase-separated morphology. Note that cau-
tion should be taken when comparing these two techniques as
through-plane measurements on thin membranes will often
produce erroneous results. There must be a large enough separa-
tion between electrodes for the bulk resistance of the membrane
to override the other resistances in the system (e.g., interfacial
resistance).

Block Copolymers in Other Aqueous Electrochemical Cells

In the past decade, hydrogen and methanol fuel cells have
driven the majority of work in the design and understanding of
ion-containing block copolymer membranes. However, other
aqueous-based electrochemical cells where these materials could
be of significant importance include electrolyzers,”>*° electro-
dialysis units,'*'°" and alkaline fuel cells. Here, we will discuss
the application of one of the most pressing concerns in our view:
the alkaline membrane fuel cell (Figure 8). Traditionally, alkaline
fuel cells are the best performing fuel cells at temperatures
below 200 °C and can operate with a number of different fuels,
such as hydrogen, methanol, and ethanol. Most significant is that
alkaline fuel cells do not require the use of precious metal
catalysts as with acid-based electrolyte fuel cells, but can operate
with cheaper non-noble metal catalysts (e.g., nickel). The main
difficulty with traditional liquid electrolyte alkaline fuel cells
relates to the use of potassium hydroxide, which can result in
leakage, system corrosion, and ionic conductivity degradation by
reaction with CO,. If one could replace the liquid electrolyte with
an ion-containing solid polymer membrane that can conduct
hydroxide ions (i.e., an anion exchange membrane), the problems
with electrolyte leakage and carbonate precipitation would be
eliminated."® Several research groups have demonstrated a
working alkaline fuel cell with an anion exchange membrane,
but there is considerable potential to improve the performance of
these devices and dramatically lower the cost of fuel cells.'*!%

To fast-track the alkaline membrane fuel cell device develop-
ment, several key membrane hurdles must be overcome, namely,
improving chemical and mechanical stability and hydroxide con-
ductivity in polymer membranes to produce high power density
devices with long operational lifetimes. To date, only a few
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hydroxide conducting block copolymers have been reported, such
as quaternized poly(styrene-b-vinylbenzylchloride-b-styrene? and
quaternized poly(styrene-b-(ethylene-r-butylene)-b-styrene). 1%
Although no morphological evidence was reported in these
studies, the block structure of these materials may provide op-
portunities for enhanced conductivity and selectivity in anion-
conducting membranes. Figure 8 shows general structures for
incorporation of sulfonate or quaternary ammonium groups into
polymer backbones through tethering to main-chain aromatic
polymers or by employing functionalized styrene moieties, the
two most common polymer-ion linkages employed for PEMs and
AEMs. As with PEMs, the synthetic control afforded by styrenic
moieties in the synthesis of block copolymers has promted the use
of these types of monomers for initial studies of block copolymer
AEMs. However, the stability of these types of polymers in a fuel
cell environment remains under investigation. While there are
limited choices for the proton-bearing group in proton exchange
membranes, there are many possibilities for the fixed cation
in anion exchange membranes. Quaternary ammonium is the
most commonly reported cation so far, but phosphonium,'”’
guanadinium,'® and other cations'® may prove useful in these
types of systems.

Outlook

Studies of ion-containing block copolymers have provided
clear evidence that the phase segregation between hydrophilic
and hydrophobic phases can produce materials with superior
ionic conductivity, which is important for performance improve-
ments in fuel cells and other aqueous electrochemical devices. To
advance the field further, there must be continued development of
theoretical and simulation tools to describe and predict phase
separation of these systems with strong dipoles and ionic moieties
and gain fundamental insights on their interactions with water.
Well-defined block copolymers with low polydispersity indices
and controlled placement of sulfonate groups have proven to be
useful model systems and observations from various research
groups have raised interesting questions as to whether ionic
systems can be treated like traditional nonionic block copoly-
mers. The initial work to translate the models developed for
nonionic block copolymers to ion-containing materials must be
furthered by characterizing equilibrium morphologies of ion-
containing block copolymers, if they can be achieved, and
continuing to refine the understanding of the mechanisms that
determine the morphological development in these systems.
Approaching equilibrium morphologies remains a challenge in
ion-containing block copolymers and theoretical descriptions of
the phase formation in the presence of ions and strong dipoles are
needed. The importance of long-range order and the role of grain
boundaries in the conduction of ions across micrometer length
scales need further attention. Alignment of ordered morphologies
improves the conductivity of membranes to a certain extent, but
the microscopic details of how protons traverse grain boundaries
and tortuosity effects of the ionic domains on proton transport
require further study.

Complementary synthetic and simulation studies of materials
with greater polydispersity and chemical diversity are needed to
advance the basic knowledge surrounding material sets that can
withstand the electrochemical stress and high temperatures of
fuel cells. Model block copolymers containing sulfonated styrene
residues will not withstand the conditions in many fuel cell
devices. High molecular weight, highly sulfonated aromatic
polymers have shown promising performance in hydrogen and
direct methanol fuel cells and display chemical and mechanical
stability that may be sufficient for widespread use as proton
exchange membranes. Therefore, more fundamental work in
understanding the self-assembly and development of long-range,
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well-ordered morphologies of aromatic ion-containing block
copolymers is needed. These types of polymers are difficult to
simulate due to the large numbers of atoms involved in a
complete description of the material, and so far there is no
predictive capability for guiding the design of aromatic block
copolymers. Moreover, their synthesis is not as well controlled as
with living polymerization methods, which can deter researchers
from undertaking complicated synthetic and morphological
studies and generating the needed experimental data to prompt
theoretical and simulation work. Synthetic methods that combine
aspects of controlled monomer/functional group placement and
chemical robustness are needed to bring together the superior
morphological structure of low PDI styrene-based block copol-
ymers and the device performance advantages of aromatic
polymers.

Conclusions

The benefits of the block copolymer strategy for fuel cell
membranes have been highlighted. Specifically, the block copol-
ymer sequential chain architecture and microdomain size and
orientation have been shown to significantly improve proton
conductivity compared to random copolymer analogs. So far,
only cross-linking the nonionic block microdomain in ion-con-
taining block copolymers has shown to improve proton/metha-
nol selectivity. This approach has resulted in some of the highest
proton/methanol selectivities reported for sulfonated polymer
membranes. It is clear that ordered morphologies impact trans-
port properties and the application of these results can impact
hydrogen and methanol fuel cell performance. To realize these
material advances in devices, a more thorough fundamental
understanding of predicting and controlling block copolymer
morphology in ion-containing block copolymers should be
pursued.
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The development of biomass-based polymers is one
strategic step toward achieving a sustainable social system. A
typical biomass-based polymer is poly(L-lactic acid) (PLLA),
which through a combination of biological fermentation and
chemical reaction can be synthesized from naturally abundant
biomasses such as starch or cellulose.! PLLA shows good physi-
cal properties such as crystallinity, thermoplasticity, transpar-
ency, and a high melting point (7},,) of around 170 °C.% It also
has the excellent quality of being easﬂy reproduced from the
depolymerization product: L,i-lactide.” Hence, the likelihood
that PLLA will become the plastic material of choice for
sustainable systems has been attracting much interest from
researchers. However, in practical applications, PLLA does
have some drawbacks, such as slow crystall1zat10n low impact
resistance,” hydrolyzability,” and racemization.® PLLA readily
causes racemization from an L-unit to a p-unit in a chain under
heating.” Such racemization proceeds by the mechanism of
ester—semiacetal tautomerization, causing a decrease in optical
purity and crystallinity.® This is a serious problem in the
reproduction of practical materials via thermal depolymeriza-
tion and repolymerization. A fundamental and complete solu-
tion to this problem requires a modification of the chemical
structure of lactic acid.

In this study, in order to overcome the problems asso-
ciated with PLLA while preserving its superior properties, a
biomass-based and racemization-free polymer: poly(tetra-
methyl glycolide) (PTMG) possessing superior depolymeriz-
ability for the reproduction is developed. Previously, PTMG
has been synthesized from petroleum by wholly chemical
processes involving the ring-opening polymerization of
tetramethyl glycolide (TMQG), Wthh is a cyclic dimer of
a-hydroxyisobutyric acid (HIBA).” HIBA itself has also
required preparation over many steps from petroleum using
the cyanhydrin method for methyl methacrylate produc-
tion.'® The methyl methacrylate production has been im-
proved by some novel production processes such as the
AVENEER method. Recently, a biosynthesis method of
HIBA from renewable carbons has been achieved.'! PTMG
shows a high T, at 185—190 °C” and a characteristic thermal
degradability into methacrylic acid, TMG, acetone, etc.'?
However, the derivation of PTMG from biomass and its con-
trolled depolymerization into monomers, which will become
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Scheme 1. Total Synthetic Processes of PTMG and Its
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required for many commonly used polymers in a future, are
newly proposed in this study.

Renewable resources: D-/L-lactic acids and pyruvic acid
derived from biomasses are employed as starting materials
for the synthesis of HIBA in this study, which is an acyclic
monomer of PTMG. The biomass-based HIBA is prepared
by methylation of the acids and then converted into the cyclic
dimer: TMG by a cyclic esterification. The following synthe-
sis of polymer PTMG is carried out by a ring-opening
polymerization of TMG. Moreover, the controlled depo-
lymerization of PTMG is performed either to return to TMG
or to convert to methacrylic acid depending on the use of a
specific catalyst for each monomeric product.

Two synthetic routes of HIBA from the renewable re-
sources were performed. One was the direct methylation of p-/
L-lactic acid derivatives after the abstraction of o-hydrogen on a
chiral carbon: the other was the methylation of an a-keto group
of a pyruvic acid derivative by the Grignard reaction, which is an
oxidized form of corresponding D-/L-lactic acid derivatives.
Although the direct methylation has been reported in our recent
research, ' the methylation of the pyruvic acid derivative is a new
finding introduced in this study. Results of the methylation are
listed in Table 1. The methylation of methyl pyruvate by the
Grignard reaction showed a 50% yield at room temperature. On
the other hand, the direct methylation of the hydroxyl-group
protected ethyl p-/L-lactate (HPEL), with protection provided
by a methoxymethyl group, gave relatively high yields of 54—
75% at —84 °C. These methylation reactions have the advantage
of using multiple renewable resources: pyruvic acid and L-, D-,
and D-/L-lactic acids without the need of high optical purity.

HIBA was obtained by the hydrolytic deprotection of
methylated products with high yields of >74%. The cyclic
dimerization of HIBA proceeded smoothly in the presence of
the dehydration catalyst methane: sulfonic acid to isolate the
cyclic dimer: TMG in a 67% yield. The ring-opening anionic
polymerization of TMG that followed was achieved by using
three initiators: EtOLi, n-BuLi, and 7-BuLi, resulting in the
preparation of a high molecular weight PTMG (M, 90 000)
as shown in Table S1.

Previously, Deibig et al.” showed T}, of PTMG in a range
of 180—190 °C, but no glass transition (7,) temperature was
reported. The isolated PTMG showed 7', and T, at 191 and
70 °C (Figure 1), respectively, about 15 °C higher than those
of PLLA. The T, transition signal was very weak, and the T},
peak shifted into higher temperatures of up to 206 °C with a
corresponding increase in the heat treatment temperature.
The weak T, signal and high T}, value of PTMG suggest
superior crystallization and heat resistance, respectively.

© 2010 American Chemical Society
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Table 1. Synthesis of o-Hydroxyisobutyric Acid (HIBA) Esters from Methyl Pyruvate and Hydroxyl Group Protected Ethyl Lactate (HPEL)

run substrate (S) reagent (R;/R,) S/R /R, [molar ratio] temp/time [°C/h] yield” [%]
1-1 methyl pyruvate MeMgBr 1.0/1.0 rt/1 50
1-2 HPELS LiTMP/Mel 1.0/1.2/2.0 —84/4 54
1-3 HPEL LDA/Mel 1.0/1.3/2.0 —84/4 75

“Calculated from GC. ? Under the same conditions at ref 13. ¢ Ethyl p-/L-lactate protected by a methoxymethyl group.

heat-treatment at 202°C

heat-treatment
at 190°C

x5
before heat-treatment
——beft

206°C
199°C

T, 70°C

<+ endo exo—»

191°C

50 100 150 200 250
Temperature (°C)

Figure 1. DSC profiles of heat-treated PTMG. Heating rate: 10 °C
min~! under a nitrogen flow of 20 mL min~". Heat treatment: 10 min.

An additional interesting result is the controllable depo-
lymerization behavior of PTMG into TMG and methacrylic
acid (MA). In the thermal degradation of PTMG, it has been
reported that TMG, methacrylic acid, acetone, etc., are
recovered as volatile products without any catalyst needed
for the reaction control.'>'#7!7 In this study, by using
appropriate catalysts for the selective depolymerization,
the thermal degradation of PTMG was controlled success-
fully to generate TMG or methacrylic acid as shown in Table 2.
Recovered TMG can be used to reproduce PTMG. Another
selectable product: MA was converted into a methacrylic ester:
methyl methacrylate (MMA) after an esterification reaction.
From the obtained MMA, a biomass-based poly(methyl
methacrylate) (PMMA) with high molecular weight (M,
70000 and M, 238000) was produced by free-radical poly-
merization in bulk. This is an early report on the preparation of
biomass-based PMMA.

These results reveal PTMG as a superior recyclable ma-
terial by the virtue of its controllable conversion into each
monomer.

In conclusion, the biomass-based and racemization-free
polyester PTMG was synthesized from lactic and pyruvic
acids as renewable resources. The high 77, (~206 °C) and T,
(70 °C) values of PTMG were confirmed, and the superior
resource recyclability of PTMG was demonstrated showing
selective reduction to TMG or methacrylic acid. Moreover,
the preparation of biomass-based PMMA was reported.

Table 2. Catalytic Thermal Depolymerization of PTMG*

volatile products [%]"

run  catalyst® temp‘[°C] TMG  methacrylic acid  acetone
2-1 283 2.9 57.1 40.0
2-2 Sn(Oct), 265 80.8 19.2 0
2-3 MgO 235 17.7 80.6 1.6

“PTMG: M, 22000, M, 32000. ° Catalyst 1 wt %. “Isothermal
heating.  From "H NMR analysis.

Supporting Information Available: Experimental details and
the characterization data of "H NMR, GPC, and DSC. The
material is available free of charge via the Internet at http://
pubs.acs.org.
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Materials containing networks of pores smaller than 2 nm in
diameter, termed microporous by ITUPAC convention,' are of
interest for applications including gas storage and separations,
adsorption, and catalysis. Rather than relying on templating or
cross-linking to induce microporosity, polymers of intrinsic
microporosity (PIMs) feature porosity derived from inefficient
packing due to a combination of rigid segments and sites of
contortion within the macromolecular backbone.”

PIM-1, a polybenzodioxane with a ladder-type structure (see
Figure 1), is the most extensively characterized PIM w1th a
Brunauer—Emmett—Teller (BET) surface area of 720—780 m?/g
and pores 5.2—10.7 A in size.>* The variability in measurements
of these key properties is due to the influence of samgle processing
(thermal history and methanol or gas exposure’) as well as
assumptions necessary to interpret data from various character-
ization techniques.

In this paper, we present the first broad scattering vector (g)
range X-ray scattering data for PIM-1. We also compare wide-
angle X-ray scattering (WAXS) patterns with structure factors
calculated from molecular dynamics (MD) simulations. In addi-
tion to providing a useful validation of PIM simulations, this
greatly enhances our understanding of PIM scattering features,
bu1ld1ng on previous 1nterpretations of WAXS patterns from
microporous polymers.”

PIM-1 was synthesized as described previously,” and 100 #m
thick films were cast from chloroform solution under ambient
conditions. Powder samples were precipitated by adding a solu-
tion of PIM-1 (in tetrahydrofuran) to methanol. Prior to scatter-
ing measurements, all samples were degassed in a vacuum oven at
120—130 °C for at least 24 h.

WAXS patterns were collected using a Rigaku DMAX-
RAPID instrument with an image-plate detector. Small-angle
X-ray scattering (SAXS) patterns were collected using a Molec-
ular Metrology instrument with a pinhole camera, multiwire area
detector, and sample-to-detector distances of 1.5 and 0.5 m. Both
WAXS and SAXS instruments used Cu Ko radiation (1 = 1.54 A)
and yielded isotropic two-dimensional patterns, which were azi-
muthally averaged into one-dimensional profiles of intensity /() vs
scattering vector ¢ = 4s(sin 0)/A. Ultrasmall-angle X-ray scattering
(USAXS) patterns were collected with a Bonse-Hart camera using
an incident energy of 12 keV (1= 1 A) at beamline 32-ID"° of the
Advanced Photon Source; these have been desmeared. Back-
grounds were subtracted from all scattering patterns.

Tomodel PIM-1, chains were grown at a low density to a target
length of 10 repeat units and then compressed to a 45-A box with

*Corresponding author. E-mail: runt@matse.psu.edu.
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Figure 1. Chemical structure and representative single-chain confor-
mation of PIM-1.

a realistic density using LAMMPS'" with bonded parameters
from GAFF,'? nonbonded parameters from TraPPE,"* and
charges from ab initio calculations with Gaussian 03'* and
RESP."® These molecular dynamics simulations are described in
detail elsewhere.'®

The structure factor S(¢) was computed using ISAACS
software'” from 10 snapshots acquired during a 500 ps NVT
run followrng compression. The low-¢ 11m1t of S(¢) is defined by
the box size: 27/[(45 A)/2] = 0.28 A™". Because a united-atom
model was used, S(g) does not 1nclude contributions from
hydrogen atoms; however, hydrogen is present at a low mole
fraction and scatters X-rays much more weakly than heavier
elements. The total structure factor for an isotropic system is
computed from a Fourier transform of the sum of partial radial
distribution functions g g(r) wei %hted by atomic X-ray scattering
lengths b; and mole fractions c;:

sin gr 2 dr
qr

S(q)=1 +47TP/: ﬁ > cabacsbpgan(r)| =1
B
(1)

where g,5(r) represents the probability of finding an atom of
species B at a distance r from an atom of species A, normalized to
1 at large distances, and

# = (Y cibi)

with the index i spanning the atom types present in the simulated
structure. We also define partial structure factors S ,5(¢), similar
to the Faber—Ziman definition but scaled by mole fractions and
scattering lengths:

» b N b oo
Sunte) = i (1o [t - P ar) ()

so that

= Sanlg)
A B

Low-¢ intensity is proportional to ¢ > over several decades
(Figure 2), which is consistent with the limiting case of either a
dense mass fractal (D = 3) orarough, space-filling surface fractal

© 2010 American Chemical Society
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Figure 2. Broad g range X-ray scattering data for a PIM-1 film. SAXS
(d) and WAXS (—) patterns were scaled so that overlapping ¢ ranges
match USAXS data (O), which was desmeared and calibrated on an
absolute-intensity scale. For clarity, only every 8th SAXS data point is
shown.

(Dg = 3).'¥ If the spatial distribution of voids (pores) in PIMs at
these large length scales is fractal, this must be induced by the
same unusual chain statistics that give rise to the large concen-
tration of interconnected free volume; chain statistics in PIMs
have yet to be directly investigated. The low-¢ power law, flat
SAXS intensity, and shoulder in the WAXS region are also seen
in amorphous, nanoporous act1vated carbons 20 Although the
shoulder or knee feature from 10" to 2 A~ should contain
information about the pore size distribution, developing a model
such as a modified Guinier function to extract this information is
complicated by the superimposition of several broad peaks and
the presence of a high concentration of pores of poorly defined
geometry.

Features in WAXS patterns from amorphous polymers are
typically limited to one or two amorphous halos, representing
distances of closest approach between segments of different
chains. Unlike materials with larger, patterned pores, PIMs have
no “bulk” phase, only interconnected unoccupied volume. Pore
dimensions in PIMs are therefore defined by intersegmental
distances. Figure 3 shows that high-resolution WAXS patterns
include characteristic peaks at ¢ = 0.89, 1.25, and 1.63 Al
Because these peaks are superimposed on a smooth shoulder not
found in nonporous polymers, it is not immediately clear that
they should be interpreted as amorphous halos representmg
intersegmental distances. Weaker features above 2 A~' are
related to correlations on the scale of bond lengths; the exaggera-
tion of these features in the calculated S(g) could arise in part
from the approximation of atomic scattering lengths as
g-independent.'’

WAXS patterns from PIMs typically include several broad
peaks. Ritter et al. have observed that for polyimide-based PIMs
both the degree of microporosity and the relative intensities of
amorphous halos but not their ¢ values, are sensitive to proces-
sing conditions.® Our data (Figure 3) also indicate that for PIM-1
the 1.25 and 1.63 A™! peaks are of higher relative intensity in
powders than in films. Methanol treatment significantly increases
the permeability of a film, and thermogravimetric measurements
suggest that this is due to the removal of adsorbed species that
persist after degassing.* Soaking a film in methanol prior to
degassing does not affect the relative peak intensities, but it does
increase the low-¢ intensity of the shoulder. A reduction in the
intensity of the scattering shoulder when some pores are occupied
is consistent with the idea that scattering in this ¢ range and at
smaller ¢ contains information about pore sizes.
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Figure 3. Simulated structure factor S(¢) (—) compared to experimen-
tal WAXS intensity of PIM-1 samples with three different processing
histories: a precipitated powder (O), a solution-cast film (O), and an
identical film that was also treated with methanol (A). For clarity, only
every 50th experimental data point is indicated with a symbol.

S(g) from the simulated sample, which certainly includes no
adsorbed species, reproduces the low-¢ shoulder intensity of a
methanol-treated sample and the relative peak intensities of
solution-cast films, expected to be closer to equilibrium than
precipitated powders. The reproduction of processing-indepen-
dent WAXS features from the simulated structure indicates that
the force-field parameters and structure generation used accu-
rately reproduce intersegmental interactions, crucial in PIMs due
to the equivalence of porosity, free volume, and intersegmental
distances.

Comparing simulated S(¢) to a methanol-treated PIM-1 film,
there is some excess intensity at the lowest g; this is likely a box-
size effect, an inherent limitation related to periodic boundary
conditions. There is also a small, seemingly superfluous peak in
S(g) near 0.52 A7l . Examining the partial structure factors
(Figure 4 and Supportmg Information) reveals that there are
many positive and negative contributions to this portion of the
scattering pattern, which in PIM-1 nearly cancel. When the
chemical structure of PIM-1 is modified to include larger spir-
ocenter substltuents—one or two phenyl groups instead of two
methyl groups®'—an additional peak appears here in experimen-
tal scattering patterns (unpublished data). It is reasonable to
conclude that this simulated structure does not precisely repro-
duce the history of these experimental samples, but examining
partial structure factors can still clarify the meaning of proces-
sing-independent scattering features.

Figure 4 shows the contribution to the total S(¢) from several
partial structure factors. Sg—r(g) is defined as the sum of all
S45(¢q) (eq 2) such that A and B are atoms located in rigid
segments; Ss_g(¢) includes contributions from atoms in spiro-
centers, and Sz_s(¢g) includes cross-terms. Note that S(g) =
Sr—r(q) + Sr-s(¢) + Ss—s(¢). Simulations included 10 atom
types, and partial structure factors for all pairs are shown in the
Supporting Information.

The rigid segments overwhelmingly define the shape of the
shoulder, a feature that is not present in nonporous polymers and
which we conclude contains information about pore sizes. In
contrast, spirocenters contribute mainly to the broad peaks
superimposed on the shoulder. The lowest-¢ peak at 0.52 Al
contains contributions from both rigid segments and spirocen-
ters; it represents the correlation between adjacent spirocenters
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Figure 4. Contributions to the total simulated structure factor S(¢) (—)
from atoms in rigid segments Sz_x(¢) (O), atoms in spirocenters
Ss—s(¢g) (O), and correlations between atoms in the two groups Sz—s(¢)
(—). For clarity, very few data points are indicated with symbols.

along a single chain ~15 A apart. Notably, neither of the two
strongest experimental features (0.89 and 1.25 A" is an
integer multiple of 0.52 A™!, suggesting that these represent
distances between spirocenters or segments either on different
chains or on the same chain, farther apart than the persistence
length.

Comparing experimental and simulated scattering patterns
serves not only to validate the model structure arising from
interchain interactions in simulations but also to guide inter-
pretation of experimentally observed scattering features.
While correlations between nearest-neighbor segments in non-
porous amorphous polymers give rise to one or two amor-
phous halos against a relatively flat WAXS background,
intersegmental distances in PIMs instead contribute to a
scattering shoulder, underscoring the fundamental difference
in the organization of free volume in these highly permeable
polymers. The broad peaks observed superimposed on this
shoulder represent characteristic distances between segments
or sites of contortion on different chains. Further study will
focus on the development of a model to extract pore size
distributions from PIM scattering patterns.
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Introduction. Highly efficient blue emitting polymer with
good color purity is one of the key issues of the commercial-
ization of the polymer light emitting diodes (PLEDs)" for
the next-generation flat-panel displays. Although many
efforts have been focused on poly( p-phenylene)s, polycarba-
zoles, polythiophenes, etc., 2,7-fluorene-based polymers® are
regarded as the most successful blue hght emitters. Very
recently, Yang et al®> and Chen et al.* reported highly
efficient blue emitting PLEDs based on alkoxyphenyl-sub-
stituted poly(2,7-fluorene) derivatives. On the other hand,
poly(9,9-dialkylsilafluorene)s are another promising candi-
date for blue light emitting PLEDs, which was first reported
by Holmes’ group® and us nearly the same time in 2005.° In
general, polysilafluorenes exhibit even more stable blue
emission due to the higher oxidative stability of Si at the
9-position of polysilafluorenes as compared to that of
the C-9 carbon of polyfluorenes, which usually result in the
formation of the keto defects.” Moreover, Si-containing
polymers are expected to have higher electron affinity owing
to the o*—x* conjugation.® As a result, photovoltaic cells
based on 9,9-dialkylsilafluorene-based copolymers have
been demonstrated to have higher open voltage c1rcu1t as
compared to that based on its polyfluorene analogue,” and
the related PLEDs exhibit very good EL performance,'®!!
which received intense attention.'> However, we note that
the device based on the homopolymer of 9,9-dialkylsilafluor-
ene shows a moderate external quantum efﬁciency (EQE) of
0.66% and a maximal luminous efficiency of 0.53 cd/A."°
Given the fact that polymers with aryl side chains usually
have higher thermal stability due to higher glass transition
temperatures than those with alkyl side chains,'*'* bulky
aryl substitutes were thought to result in more effective
suppression of aggregation than alkyl substitutes. As it can
lead to the suppression of excimer formation and long-
wavelength emission,'® it is very interesting to develop
homopolymers of 9,9-diarylsilafluorene for blue light emit-
tlng devices. Although some 9,9- dlarylsﬂdﬂuorene contain-
ing compounds had been reported previously,'® to the best of
our knowledge, processable homopolymers of 9,9-diarylsila-
fluorene have not appeared in the literature.

*Corresponding authors. E-mail: moyueqi@263.net (Y.M.); hbwu@
scut.edu.cn (H.W.); Xiwen.Chen@csiro.au (X.C.).
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In this Communication, we report the synthesis a soluble
poly(9,9-dialkoxyphenyl-2,7-silafluorene) (PSF) by the Yama-
moto reaction. The thermal, photophysical, and EL properties
of the obtained polymer were investigated.

Experimental Section. The synthesis of PSF is shown in
Scheme 1. 9,9-Dichloro-2,7-dibromosilafluorene'” is the key
intermediate for the synthesis of 9,9-di(4-(3’,7'-dimethyl-
octyloxy))-2,7-dibromosilafluorene (1). We tried another
intermediate—9-phenyl-9-chloro-2,7-dibromosilafluorene—but
itis difficult to get the objective product (1). In order to get high
yield of 9,9-dichloro-2,7-dibromosilafluorene, excess SiCl, was
added to suppress the formation of spirosilafluorene'® and was
stripped eventually before the addition of alkoxyphenyl-
lithium. PSF was obtained via the Yamamoto reaction. After
the solution of 1 and nickel catalyst was stirred at 85 °C for
2 days, bromobenzene was added to diminish the bromo end
groups which may cause formation of green emission aggre-
gates.”After purification, PSF with M,, of 23000 and M., of
92000 was obtained. PSF was readily soluble in common
organic solvents, including toluene, chlorobenzene, chloro-
form, and THF.

Results and Discussion. The UV—vis absorption spectra
and photoluminescent spectra (PL) of PSF in CH,Cl, and in
solid state are shown in Figure 1. It can be seen that the absorp-
tion spectrum of PSF in solution are almost identical to that in
film, with the absorption maximum at 391—392 nm, implying
that the conjugation length does not change upon the film was
formed after spin-coating. The absorption onset of PSF is
around 438 nm; thus, the optical bandgap (E,) of PF is esti-
mated at ca. 2.83 eV, slightly smaller than that of poly(9,
9-dialkysilafluorene) (2.93 eV).> As the onset potential of the
oxidation process (p-doping) of PSF occurs at about 1.38 V
against Hg/Hg,Cl, (as shown in Figure S5), the HOMO level of
PSF was calculated to be —5.78 eV according to the empirical
formula Eyomo = —(Eox + 4.4) (eV),20 which is quite close to
that of poly(9,9-dialkysilafluorene) (—5.77 eV).> The LUMO
level was calculated to be about —2.95 eV from the HOMO level
and the optical bandgap (E,).

As can be seen from the PL spectra of PSF in CH,Cl, (ca.
5 ppm) and in the solid state, which were obtained by a
Fluorolog JY luminescence spectrometer under excitation of
340 nm, the PL spectrum of PSF in film shows a 14 nm of red
shift as compared with that in CH,Cl, while both PL spectra
show strong vibronic structure. The PL maximum of PSF in
film is located at 437 nm, which shows about 12 nm of red
shift compared with poly(9,9-dialkysilafluorene) film,> with
two vibronic sidebands at 461 and 495 nm, respectively. The
PL quantum yields of PSF in dilute 1,2-dichloroethane and
in film were estimated to be ca. 95% and 75% as measured in
an integrated sphere, respectively.

To investigate the electroluminescence properties of the
PSF, single-active-layer devices with the configuration ITO/
PEDOT:PSS/PSF/Ba/Aland ITO/PEDOT:PSS/PVK /PSF/
Ba/Al have been fabricated, where poly(N-vinylcarbazole)
(PVK) was used as hole transporting layer. The EL spectra of
the devices and the PL spectra of the PSF are shown in Figure 2.
We note that the EL spectra of the devices in both configura-
tions are nearly identical to that of the PL spectrum, with an
emission peak at ca. 435 nm and a shoulder at 458 nm, implying
that EL and PL have the same origin. Unlike poly(dioctylfluo-
rene), in which pronounced emission in the longer wavelength

Published on Web 12/15/2010 pubs.acs.org/Macromolecules
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Scheme 1. Synthesis of the PSF
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Figure 1. Absorption and PL spectra of PSF in CH,Cl, and in solid state.
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Figure 2. PL and EL spectra of the devices fabricated from PSF in
device configuration of ITO/PEDOT:PSS/PSF/Ba/Al and ITO/PED-
OT:PSS/PVK /PSF/Ba/Al

region typically exists and unstable blue emission upon increase
of temperature and operation stress,'” the EL spectra of the PSF
devices remain nearly unchanged even the devices were an-
nealed at 120 °C for 30 min. The excellent spectral stabilities of
PSF can be attributed to the bulky 9,9-diphenyl substitutes,
which could result in the suppression of aggregation and/or
excimer formation.

The CIE coordinates of the blue emission were found to
be around from (0.17, 0.12) to (0.17,0.13), representing deep
blue emission in the 1931 CIE diagram. Table | summarizes the
performance of the PSF devices fabricated from two device
configurations. With a device configuration of ITO/PEDOT:
PSS/PSF/Ba/Al, the maximal LE of 0.53 cd/A (corresponding
toan EQE of 0.51%.) was obtained after annealing at 120 °C for
0.5 h. Upon the incorporation of a thin layer of PVK (~30 nm),
despite the turn-on voltage (defined as the voltage at which a
luminance of 1 cd/m* was measured) slightly increased, the LE
dramatically increased to 2.3 cd/A, while the EQE of the device
reached 2.2%. We noticed that the best performance of a

0
OCioH21 ) QBr
{ PSF

DMF, toluene D Q
oo

C10H210 OC1oH21
70%

Table 1. Device Performance of the PLEDs Based on PSF*

LEmux EQEmax VOH LITIHX
entry treatment (cd/A) (%) %) (cd/m?) CIE
1 0.32 0.31 32 1540 (0.16,0.12)
2 120 °C, 0.53 0.51 2.8 2362 (0.16,0.12)
30 min
3 2.1 2.02 32 6278 (0.17,0.13)
4 120 °C, 2.3 2.21 3.4 6107 (0.17,0.13)
30 min

“Configurations of 1 and 2: ITO/PEDOT:PSS/PSF/Ba/Al. Config-
urations of 3 and 4: ITO/PEDOT:PSS/PVK/PSF/Ba/Al. LE: luminous
efficiency; EQE: external quantum efficiency; L: luminance; V,,: turn-on
voltage.

polyfluorene analogue—poly[9,9-bis(4-(2-ethylhexyloxy)phe-
nyl)fluorene-2,7-diyl[—was reported to a luminous efficiency
of 1.9 cd/A (corresponding to an EQE of 1.8%) with CIE
coordinates of (0.16, 0.12).” The current density—luminance—
voltage (J—L—V") characteristics of device A and the LE—
current density (LE—J) characteristics of both devices are
plotted in the Figures S6 and S7.

The thermal properties of PSF were investigated using ther-
mogravimetric analysis (TGA) and differential scanning calo-
rimetry (DSC) under a nitrogen atmosphere. PSF exhibits
excellent thermal stability from the TGA and DSC measure-
ments (shown in Figures S8 and S9). In the DSC trace of heating
(10 °C/min), PSF exhibited a glass transition at about 120 °C,
which is slightly higher than that of poly(9,9-dialkoxyphenyl-
2,7-fluorene) (108 °C)'* and much higher than that of poly(9,
9-dihexyl-3,6-fluorene) (83 °C).* TGA curve shows that decom-
position temperature of PSF starts at 426 °C (5% weight loss),
which is close to that of poly(9,9-dialkysilafluorene).’ We attri-
bute the excellent thermal stabilities of PSF to the 9,9-diphenyl
substitutes.

Conclusion. In conclusion, the soluble poly(9,9-dialkoxy-
phenyl-2,7-silafluorene) was prepared via Yamamoto reac-
tions. This polymer with high glass transition temperature of
120 °C exhibits a high external quantum efficiency of 75%
and a luminous efficiency of 2.1—2.3 cd/A.
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ABSTRACT: The effect of stabilizers, additives, and low molecular weight fractions on cavitation during
tensile drawing was studied in polypropylene. The additives were extracted from compression molded
samples by critical CO, and also by a mixture of nonsolvents. The extract was an oily liquid composed of
antioxidant, processing stabilizer, and a spectrum of low molecular weight fractions of polypropylene.
Purified polypropylene exhibited surprisingly more intense cavitation than pristine polypropylene as it was
determined by small-angle X-ray scattering and volume strain measurements. Intensification of the cavitation
process in the purified samples was explained by the changes in the amorphous phase, namely, the changes in
free volume by eliminating low fractions and soluble additives. An increase in free volume was probed with
positron annihilation lifetime spectroscopy. Intense formation of cavitation pores in purified polypropylene
proves that initiation of cavitation in polypropylene has a homogeneous nature.

Introduction

In the simplest kind of deformation, tensile drawing, deforma-
tion of most crystalline materials is accompanied by formation of
cavities, which manifests itself by strong whitening of the materi-
al. For years cavitation was regarded as an artifact accompanying
deformation of selected materials, having no considerable influ-
ence on the course of material deformation. The research con-
ducted during recent years allowed to understand better many
aspects connected with formation of discontinuities in the ma-
terial and demonstrate that cavitation is actually an important,
unignorable phenomenon, which nevertheless frequently masks
true mechanisms of deformation. Even though a number of
factors influencing the intensity of cavitation are known, such
as thickness and orientation of crystals,"? molecular weight of a
polymer,>* deformation rate and temperature,®~ or thickness
of interlamellar regions,' the nature of nuclei initiating cavita-
tion in polymer materials during their deformation as well as
the influence of the physical parameters of amorphous phase on
the phenomenon are still not known. It was clearly demonstrated'
that during plastic deformation there is a kind of “rivalry”
between activation of deformation mechanisms of crystalline
phase and cavitation occurring in amorphous regions. The com-
petition between crystal plasticity and cavitation during tensile
drawing of crystalline polymers was first addressed by us."® The
competition between the two phenomena is best described by the
hypothesis of Ludwig—Davidenkov—Orovan (see ref 9) that was
adopted to polymers from mechanics of metals and ceramics. In
simpler words, easier phenomenon occurs before the one that is
more difficult. In the description of cavitation, we used the term
“cohesion of the amorphous phase” for the quantitative descrip-
tion of its strength. Its measure is a 3-D stress needed for initia-
tion of cavitation. The 3D stress is important in cavitation of
semicrystalline polymers, and we may learn, for example, from
the studies by Castagnet et al.'® We have correlated the strength
of amorphous layers against cavitation with their thickness and
crystallinity degree and not with the thickness of crystals alone
because in the instant of cavity formation the cavity diameter is
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limited by the amorphous layer thickness, otherwise lamellae
have to be broken. The cohesion of the amorphous layers is
dependent on their thickness because when crystallinity is higher,
most of the entanglements are rejected into the amorphous phase,
then the thinner and the stronger is the amorphous phase. We
may refer to papers of Bartczak'' ™" in which he has demon-
strated that not only crystallinity degree and crystal thickness
(amorphous layer thickness) in PE is influencing the amount of
tie molecules, permanent entanglements and number of segments
between active cross-links but also the molecular character-
istics of PE that is used and pressure during PE processing.
In addition we have shown that cavities can be stable only if
the 3D stress resulting from tensile drawing is sufficient to
keep them open. There is a decisive role of surface tension
that tends to close a cavity and counteracts with a negative
pressure generated during tensile drawing. On the basis of
surface tension and thickness of amorphous regions, Pawlak
and Galeski' estimated the negative pressure necessary to
generate stable cavitations, equivalent to the strength of the
amorphous phase, for several polymeric materials and also
for polypropylene.

Recently cavitation in polyethylene was described by Humbert
et al.'* in terms of “density of stress transmitters”. Such elements
as tie molecules, entanglements, and partial percolation of the
crystalline phase are considered as stress transmitters through
stacks of crystalline lamellae, and they are responsible for an
increase of elastic modulus of confined amorphous layers above
that typical for the bulk rubbery modulus. According to Humbert
et al., two parameters are governing cavitation: density of stress
transmitters and crystal thickness. Cavitation occurs when
the stress in the system exceeds a certain critical stress needed
for cavitation. Cavitation in the amorphous phase according
to Humbert et al.'"* occurs under tensile stress, unlike in other
approaches to cavitation of liquids or rubbers requiring 3D stress
(negative pressure) [e.g., refs 15—17]. The conclusion drawn is
that cavitation is triggered under certain tensile stress that is
related to the strength of the amorphous phase against cavitation
governed by the ratio of stress transmitters and crystal thickness.

Low molecular weight liquids show no strength at all because
cavitation is immediate due to the presence of residual impurities

© 2010 American Chemical Society
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and dissolved gases acting as instantaneous heterogeneous nuclei
of cavitation. These facts are known since 1672 by Huygens'® and
detailed much later by Reynolds.'*° Those studies allowed one
to understand better the nature of the phenomenon. Only very
pure liquids show strength and can transfer the stress without
breaking. In water, cavitation is nucleated by gas or vapor
microbubbles or solid, hydrophobic impurities, whose pores are
filled with air. Also during crystallization of polymers from the
molten state, cavitation is supported by the presence of additives,
whose surfaces exhibit weak adhesion to a melt.>! In both cases,
cavitation exhibits properties of a heterogenously nucleated
process. The above presented facts indicate that the amorphous
phase of crystalline polymers at a temperature above its glass
transition temperature differs markedly from low molecular
weight analogous liquids. Polymers are not specially purified; it
is opposite: they contain various additives such as stabilizers,
antioxidants, residue of catalysts, low molecular weight fractions,
lubricants, light stabilizer, etc. Despite these impurities and
additives, the amorphous phase of crystalline polymers exhibit
amazingly high strength in terms of cavitation stress, at the level
of 10—20 MPa; for comparison, tap water has no strength at all.
It is even more astonishing when considering that all those
substances and additives are rejected into amorphous layers
during polymer crystallization. Usually additives do not cocrys-
tallize with polymers, also low molecular weight fractions are
rejected from crystals to the amorphous phase because of
fractionation. Cavitation initiation in polymers seemingly has a
complicated nature, unlike in unpurified low molecular weight
liquids. The most probable reasons are confinement of amor-
phous layers between crystalline lamellae and macromolecular
chain entanglements, the factors that are absent in low molecular
weight liquids. One of the prime objectives of the paper is to
examine the influence of impurities on the nucleation of cavities
generated during deformation of a polymer. It seems by analogy
with low molecular weight liquids that substances present
in the amorphous phase of crystalline polymers, such as sta-
bilizers, processing additives, or low molecular weight fractions
(oligomers) as well as residues of catalyst can significantly
influence the intensity of the cavitation process. In order to
determine the role of the mentioned additives in nucleation of
cavitation, the material has been subjected to purification and
degassing and the influence of the mentioned “impurities” on
initiation and intensity of the cavitation process has been
examined. The conducted studies should determine if nuclea-
tion of cavitation during deformation of polymers takes place
in a similar, heterogeneous manner as in the case of liquids of
low molecular weight. The obtained results will allow one to
better understand the mechanism of cavity formation during
deformation of crystalline polymers and thus enable better
control of the phenomenon, e.g., elimination of cavitation
where it is undesired.

Experimental Section

Materials. Studies presented in the paper have been con-
ducted for a number of crystalline polymers, whose deforma-
tion was accompanied by cavitation. The materials used are
presented and characterized: polypropylene, Novolen 1100H
(M, =400 kg/mol, M, =80 kg/mol, M,/M, = 5; manufac-
turer data), of melt flow index MFI = 1.8 g/10 min (for 230 °C,
2.16 kg according to ISO 1133), density 0.91 g/cm?, by BASF.

Purification. The process of polypropylene purification has
been performed using the following methods: (1) purification
using supercritical CO, extraction. Extraction was run for 13 h
at the temperature of 60 °C under pressure of 200 bar, very
slow decompression of the system was applied to enable slow
removal of CO, and to avoid changes in the material struc-
ture; (2) purification using extraction with a nonsolvent mixture
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(hexane/chloroform/ethanol 4/1/1, v/v/v)*>*® in Soxhlet appa-
ratus. Components of the mixture are nonsolvents of the crystal-
line phase; however, they can permeate into the amorphous
regions of polyolefins. The extraction process was run for at
least 72 h. After completion of extraction, the purified material
was taken out of the nonsolvent mixture and placed in a vacuum
drier at the temperature of 50 °C in order to remove nonsolvents.
The nonsolvent mixture, after extraction, was evaporated on a
vacuum evaporator, so as to perform quality and quantity
assessment of substances extracted from the material.

Mechanical Testing. Mechanical properties of the materials
examined in the paper were assessed using a testing machine
(Instron 5582) of load range 0-100kN. The shape of samples was
according to ISO 527-2 standard, with 1 mm thickness and 4 mm
width. The gauge length was 25 mm. Tests were performed at
room temperature at the rates 6.7 x 10~ *and 3.3 x 10 s~ '. The
actual shape of a sample during deformation was recorded using
a Nikon D50 digital camera. In order to determine the local
strain, markers of sputter coated gold located along the entire
gauge length at a distance of 1 mm from one another, were being
placed on surfaces of the samples using an ion sputter coater and
a mask obtained with the use of photolithography. A similar
measuring technique was used in the papers.>*?*7¢ Local
strain was calculated as a change in distance between the
markers according to a relation: (/ — /y)/ly, where [ is a distance
between markers for the undeformed sample and /is a distance
between markers for the deformed sample. Volume strain
for local strains was determined using the following relation:
(V= Vy)/ Vo, where V, denotes volume of the undeformed
sample. To do so, a small mirror was set up during the photo-
graphic register of deformation, which directed an image of the
sample’s thickness to a digital camera. The volume of the sample
between markers was determined on the basis of a distance
between markers and the thickness of the photographed sample.

Deformation of samples during small-angle synchrotron
radiation scattering studies at Hasylab, Hamburg, Germany,
was performed on a specially designed testing machine which
enabled tension of samples with a simultaneous register of
SAXS scattering patterns. Symmetrically stretched samples
were monitored with the use of a camera, which enabled precise
calculation of local strain of the sample on the basis of change
in distance between the markers. Tests were Performed at room
temperature at a standard rate 3.3 x 107> s~ . For selected
experiments, a deformation rate of 6.7 x 107* s™! was used.
Deformation was conducted for 6 s, and next a scattering
pattern for a given strain (calculated on the basis of images
obtained with a photographic camera, with no tension) was
registered. The entire procedure was cyclically repeated up to the
rupture of the sample.

Differential Scanning Calorimetry (DSC). Thermal analysis
of the examined materials was conducted using an indium-
calibrated DSC apparatus (TA 2920, Thermal Analysis). Sam-
ples of total mass of 6—8 mg were being placed in aluminum
pans and pressed slightly in order to ensure good contact with
the DSC cell surface. The data was registered during heating
at a constant rate of 10°/min, under nitrogen flow. The degree
of crystallinity of the studied samples was determined according
to a formula: X, = AH,/AH°, where: AH,, is the measured
specific heat of melting, AH,,,° is the heat of fusion of the crystal.
For poly?ropylene, the value of AH,,° = 209 J/g has been
assumed.”’

Positron Annihilation Lifetime Spectroscopy (PALS). Positron
lifetime spectra measurements were performed using an ORTEC
“fast-fast” spectrometer,”® equipment of The Section of Applica-
tion of Nuclear Physics, Institute of Experimental Physics, Uni-
versity of Wroclaw. The resolution of the spectrometer was found
to be 270 ps.

In this method, positrons emitted by the radioactive source
(in this case *?Na) penetrate into two samples surrounding
the source and annihilate after thermalization. In the case of
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polymers, some positrons create a positronium (hydrogen-
like bound state of an electron and a positron) in the free
volume regions. A mean lifetime of a triplet positronium
(orthopositronium) is related to the size of the free volume
regions in which the atoms of the orthopositronium annihilate.
Reconstruction of the distribution of the positronium lifetimes,
on the basis of the measured lifetime spectrum and determination
of shape of the free volume regions, enables one to determine
radius or volume distribution of these areas.

Positron lifetime spectra measurements were performed in air
at room temperature. Measurement time for one spectrum
was 20 min, which corresponds to a total of approximately
1x 10° counts under the measured spectrum. LIFETIME soft-
ware was used for the analysis.”’

Nuclear Magnetic Resonance (NMR). '*C NMR spectra in a
liquid phase (deutered chloroform as a solvent) were recorded
using Bruker AV 200 apparatus operating at the frequency of
50.33 MHz. Chemical shifts of signals given in parts per million
(ppm) were measured relative to chloroform (*C 77.00).

Small-Angle X-ray Scattering (SAXS). The small-angle X-ray
scattering technique was used for detection of cavities and for
determination of a long period. The 0.5 m long Kiessig-type
camera was equipped with a tapered capillary collimator com-
bined with additional pinholes (300 #m in diameter) forming the
beam and imaging plates as a detector and recording medium
(Kodak). The camera was coupled to an X-ray source (sealed-
tube, fine point Cu Ka filtered radiation, operating at 50 kV and
40 mA; Philips). The time of collection of the pattern was usually
around 3 h. Exposed imaging plates were read with Phosphor
Imager SI scanner and ImageQuant software (Molecular
Dynamics).

In situ studies with the use of synchrotron radiation, A =
0.1542 nm, were performed at the A2 beamline in Hasylab
(Hamburg, Germany). Two-dimensional scattering patterns
were registered with the use of a MarCCD 165 detector (Mar
Research, Norderstedt, Niemcy) with a resolution of 2048 x
2048 pixels. The distance between the sample and the detector
was 2513 mm. The exposure time was 12 s.

Long periods were determined from one-dimensional sec-
tions of the 2-D pattern. Background and Lorentz corrections
were applied to the curves. A long period was then calculated
from the position of the maximum of the corrected curves using
Braggs law.

Wide-Angle X-ray Scattering (WAXS). Analysis of the crys-
talline structure of the materials and assessment of the degree of
their crystallinity was performed using wide-angle X-ray scat-
tering measurements by means of a computer controlled goni-
ometer coupled to a sealed-tube source of Cu Ka radiation
(Philips), operating at 50 kV and 30 mA. The Cu Ka line was
filtered using electronic filtering and the usual thin Ni filter. The
degree of crystallinity was calculated on the basis of diffracto-
grams registered at a step 260 = 0.05° by means of sufficiently
thin diaphragms. Since reflections from the crystalline phase
and the amorphous halo frequently overlap each other, it was
necessary to separate them. Analysis of diffraction profiles of
the examined samples and separation of peaks was performed
using WAXSFit software designed by M. Rabiej of the Uni-
versity of Bielsko-Biala (AHT).*® The software allows one to
approximate the shape of the peaks with a linear combination of
Gauss and Lorentz or Gauss and Cauchy functions and adjusts
their settings and magnitudes to the experimental curve with
a “genetic” minimizing algorithm. Such calculated surfaces
of peaks, corresponding to given crystallographic planes, and
an amorphous halo allowed one to determine the degree of crys-
tallinity of the sample.

Results

The presence of impurities, both in liquids of low molecular
weight and in a melt of the crystallizing material, encourages for-
mation of cavitation bubbles. Stabilizers present in the material
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(added by manufacturers to improve thermal parameters and
material processing), catalyst residue, crystallization nucleants,
and low molecular weight fractions, oligomers (result of an
imperfect process of synthesis), can act as impurities, which are
substances that affect the intensity of the cavitation process. The
above-mentioned substances do not cocrystallize with a polymer
and are preferentially located in the amorphous phase of the
material. In order to assess their impact on cavitation accom-
panying tensile drawing, commercial polypropylene was sub-
jected to purification using supercritical CO, extraction and
extraction with a nonsolvent mixture (hexane/chloroform/etha-
nol 4/1/1, v/v/v) in Soxhlet apparatus. Both methods of purifica-
tion of the amorphous phase led to very similar results; hence,
only the detailed results obtained for the polypropylene purified
using extraction with the nonsolvent mixture will be presented
further. This type of extraction is used in research on thermal
and thermooxidative degradation and stability of polyolefin
materials®>** as it does not cause any changes to the crystalline
phase. The samples in the form appropriate for mechanical and
X-ray studies were cut out from a film, 1 mm thick, prepared by
compression molding at the temperature of 220 °C.

In order to test the efficiency of the applied purification
method, an oily liquid extracted from the material (extrac-
tion process was run for at least 72 h, oily residue constituted
0.5—0.9% by weight) has been analyzed. Figure 1 presents a '*C
spectrum of nuclear magnetic resonance performed for the
extracted substance, dissolved in deutereted chloroform. The
presented spectrum allowed one to identify carbon atoms
(marked in the figure) forming a molecule of the material acting
as a stabilizer (pentaerythritol tetrakis(3-(3,5-ditert-butyl-4-
hydroxyphenyl)propionate), corresponding to the trade name
Irganox 1010) and molecules of propylene oligomers of various
size and architecture, overlapped with signals from stearate. There-
fore, the applied method allowed one to remove molecules
of the stabilizer, processing aid, and low molecular weight
fractions from the examined material, substances whose pre-
sence should influence the intensity of the cavitation process.
In order to assess the influence of the extracted substances
(impurities) on cavitation during tensile drawing, the purifica-
tion process should not influence parameters of the crystalline
phase of the material.

Hence, with the use of X-ray techniques and differential
scanning calorimetry, selected parameters of the crystalline phase
of the examined material prior to and after extraction were
determined. Once the extraction process has been completed,
the samples were being dried at the temperature of 50 °C in order
to remove the residues of nonsolvents. Samples of the reference
material were subjected to an analogous procedure. Table 1
presents selected parameters of the crystalline phase determined
for samples prior to and after the purification process. Reference
and purified samples consist of only the a form crystals as it can
be judged from the X-ray diffraction reflexes from (110), (040),
(130), (060), and (113) crystallographic planes of monoclinic iPP
crystals (a form). No other crystals such as cocrystals with
additives were detected. SAXS patterns for both samples are
characteristic for stacking of crystalline lamellae interspersed
with amorphous layers with clear periodicity. Since the crystals
are free from additives, it is concluded that the additives are
concentrated in amorphous layers. Also low molecular weight
fractions are embeded in crystals as it can be deduced from a high
and sharp melting temperature (167.1 °C %+ 0.1 °C). The pre-
sented data indicate a lack of substantial changes in the crystalline
structure of the material as a result of the extraction process.
Therefore, the applied method of material purification allows one
to obtain a desired effect without markedly influencing other
parameters of the material. Figure 2 illustrates the engineering
stress—strain curve of pristine polypropylene with polypropylene
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Figure 1. 'C NMR spectrum of a substance extracted from the examined polypropylene.

Table 1. Parameters of Crystalline Phase of Polypropylene Samples
Prior to and after the Purification Process

long period crystallinity crystallinity
sample [nm] degree [%] (DSC) degree [%] (WAXS)
reference (RS) 13.3+£0.2 47.8+0.1 46.3+0.5
purified (PS) 13.6+0.2 48.0+£0.1 46.6£0.5

purified by extraction with the nonsolvent mixture. There is not
many changes caused by extraction except a slightly lower strain
to break. Very similar stress—strain curves for reference and
purified samples presented in Figure 2 prove that nothing serious
happened to the entanglement density and the number of taut
molecules spanning neighboring lamellae during purification.
They remained untouched as it can be judged from the lack of
changes in strain hardening behavior. The evident difference
between the two samples was that the purified sample during
tensile drawing exhibited even stronger stress whitening than
pristine sample.

In order to assess the influence of the purification process of
the material on the phenomenon of cavitation accompanying
tensile drawing, in situ small-angle X-ray scattering studies using
synchrotron radiation were performed. X-ray scattering is much
stronger from cavities than from the structural elements of the
material due to a difference in the electron density. The SAXS
method is therefore a very useful tool for examination of the cavi-
tation process in the material. Figure 3 presents SAXS scattering
patterns recorded for the reference and purified polypropylene
deformed at a rate 3.3 x 103 s, up to the local strain of 4.5.

In the case of the reference sample (RS), signals indicating
formation of cavities in the material, on SAXS scattering pat-
terns, are already observed at the local strain equal to 0.13. The
obtained scattering pattern indicates that cavities at this stage
of deformation are of ellipsoidal shape and are oriented by their
long axis perpendicularly to the direction of deformation (signal
in the meridional region on a scattering pattern). The specific
arrangement and shape of cavities is forced by the lamellar
structure of the material. On further deformation stages, an
increase in the intensity of the registered signal is observed in
the aforementioned region of a scattering pattern, up to the strain

of 0.8. At this stage of deformation, a signal in the equatorial
region of a scattering pattern is also registered, which indicates
the presence of the second population of cavities oriented parallel
to the direction of the applied force. Signal appearing in this
region of the scattering pattern at the cost of intensity in the
meridional region demonstrates that subsequent plastic deforma-
tion mechanisms of the material (lamellar fragmentation) acti-
vated at this stage of deformation also force reorganization of the
shape of cavities.

Further stages of deformation (>0.8) are accompanied by
a substantial decrease in size of cavitation pores perpendicularly
to the direction of deformation and their strong orientation
toward the direction of deformation. For a local strain equal to
4.5, one observes a decrease in the intensity of signal coming from
the cavities. The reason for this effect is that cavities enlarge with
deformation, and finally most of them scatter X-rays outside of
the SAXS detection limit.

Deformation of the purified samples is also accompanied
by cavitation. It proceeds almost identically as in the case of
reference material; however, a significant difference concerns the
intensity of scattering signals coming from cavities at subse-
quent stages of deformation. Analysis of the presented scatter-
ing patterns indicates that the intensity of the cavitation
process has increased in the purified material. The extraction
process, which resulted in the removal of substances capable
of nucleating cavitation, not only did not decrease the intensity
of cavitation but produced a reverse effect, an increase in the
number of cavitation pores formed during deformation of the
material.

Analogous conclusions can be drawn while analyzing volume
strain measurements performed for the examined material
prior to and after the purification process. Figure 4 presents the
relevant data. Deformation of the unmodified polypropylene
sample (RS) is accompanied by a strong increase in vol-
ume (of around 70%), an effect of discontinuities occurring in the
material. The purification process leads to an increase in the
intensity of cavitation, whose effect is a volume strain increase,
presented in Figure 4, up to around 95%. Removing stabilizers
and additives filling the amorphous phase of the material and low
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Figure 2. Engineering stress—strain curve of the polypropylene sample subjected to purification and degassing compared with the stress—strain curve

for the reference sample.
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Figure 3. Small-angle X-ray scatterin% p_altterns of a series of polypropylene samples: (a) RS and (b) PS. Patterns correspond to the local strain of
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molecular weight fractions resulted in an increase of approxi-
mately 30% in the intensity of cavity formation in the material.

Intensity of cavitation accompanying tensile drawing of crys-
talline polymers is affected by numerous factors connected with
parameters of the material and conditions under which deforma-
tion takes place. One of such factors is the deformation rate.
Therefore, additional examinations of polypropylene were con-
ducted before and after purification for a lower deformation rate
(6.7 x 107*s71).

; direction of deformation, vertical.

Decreasing the deformation rate should decrease the intensity
of cavitation in both materials and at the same time intensify the
difference between them. Figure 5 presents SAXS scattering
patterns recorded during in situ studies using synchrotron radia-
tion for reference and purified polypropylene deformed at a rate
of 6.7 x 10~*s™ " up to a local strain of 4.5. Deformation of poly-
propylene samples prior to and after the purification process is
accompanied by cavitation; however, the intensity of the phe-
nomenon is significantly higher for materials after extraction of
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stabilizers and low molecular weight substances. At each stage of
deformation of the examined materials, one observes a substan-
tial difference in the intensity of the scattering signal between the
reference and the purified sample.

Figure 6 presents volume strain measurements for samples
prior to and after the purification process, deformed at a rate of
6.7 x 10~*s~!. Tensile drawing of the unmodified polypropylene
sample (RS) is accompanied by a substantial volume increase

; direction of deformation, vertical.

(up to 50%), resulting from cavities generated in the material.
Purification of the material increases the intensity of cavita-
tion, whose effect is an increase in volume strain by approxi-
mately 70%, presented in Figure 6. Extraction leading to
removal of impurities from the amorphous phase of the
material, i.e., stabilizers and low molecular weight fractions,
results in an increase in cavity formation in the material by
around 40%.
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Table 2. Results of Positron Lifetime Spectra Analysis

mean lifetime

component intensity

sample ni[ps] () [ps] (73) [ns] 2 [ps] o3 [ns] 1y + I3 [%] 1 [%]
reference sample (RS) 125 357416 2.37+0.07 61.9+0.6 0.95+0.09 222404 77.8+0.4
purified sample (PS) 125 3719+ 1.2 2.57+0.02 722404 0.83£0.04 19.740.1 80.3+0.1

The above results are astonishing and against expectation.
There is no direct analogy between amorphous phase of crystal-
line polymers above Tg and low molecular weight liquid: it is not
the impurities that nucleate cavitation in the amorphous phase
during tensile drawing. There must be an inherent property of the
amorphous phase that upon purification intensifies nucleation of
cavitation.

The packing of the amorphous phase of the material, which is a
consequence of the chemical structure of macromolecules and
organization of the supermolecular structure, naturally generates
the free volume pores, whose size and dynamics of reorganization
caused by thermal movements of polymer chains may have a
direct influence on initiation of cavitation during deformation of
the material. The amorphous phase of polymers is characterized
by a more unordered structure than amorphous low molecular
weight materials due to steric hindrances introduced by chemical
bonds of long chains. Hence, an intrinsic element of the polymer’s
amorphous phase is a fraction of so-called “free volume” result-
ing from its incomplete packing. This results in a difference in
density between well-packed polymer crystals and the amorphous
phase. At the temperatures above the glass transition, the
amorphous phase exhibits certain dynamics of free volume,
“empty” spaces change in time as a result of thermal movements
of the polymer chains. The presence of “empty” spaces (vapor or
gas bubbles) in low molecular weight liquids is conducive to
formation of cavities. In polymers, the dynamic “empty” spaces
may also initiate nucleation of cavitation. The size of these empty
spaces is considerably smaller than the thickness of amorphous
layers, though it can increase under the influence of mechanical
stress during tensile drawing of a polymer, which is when they
may become cavitation nuclei.

In order to assess the influence of the extraction process on
parameters of the amorphous phase of the material (size of the

free volume of the amorphous phase), positron-lifetime spectra
measurements were performed. The choice of the model for
spectra analysis is extremely important. Results presented further
in the paper correspond to the model of spectra analysis, which
assumes (1) the intensity ratio of anihilating para- and orthopo-
sitronium of 1:3, (2) lifetime of annihilating parapositronium, 7y,
of 125 ps, (3) the presence of the log-normal distribution of mean
lifetimes corresponding to free annihilation of positrons and
annihilation of ortho-positrons by “pick off”. In the analyzed
spectrum, this corresponds to components of mean values (7,)
and (73), of mean lifetimes 7, and 73. Distribution of mean
lifetimes 7, and 73 are characterized by dispersion values
0, and 03. The results of the obtained spectra are presented
in Table 2.

A simple quantum-mechanical model allows one to relate a
mean lifetime 73 with the size of the free volume region. In
analysis of the results, as in the case of a model proposed by Tao
and Eldrup,’"* the spherical shape of these regions has been
assumed. On the basis of the distribution of 75 values, normalized
volume distributions of the free volume regions, V, were deter-
mined as presented in Figure 7.

The extracted mass amounted to 0.9 wt %. All of it was
localized in the amorphous phase before purification. The
volume of purified polypropylene was not decreased due to
purification as it is concluded from the long period values: 13.3
and 13.6 A for the reference and purified samples, respectively.
Also the X-ray absorption coefficients 0.3295 and 0.3251 nm ™
for the reference and purified samples, respectively, measured in
WAXS apparatus indicate that purified sample is less absorbing
of X-rays. So, the compaction, if any, that occurred during
purification was very low. Apparently the sample shrinkage
was very limited because of a stiff crate construction that is made
up from crystalline lamellae. It leads to the conclusion that the
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positronium. (b) Relative size distributions of free volume pores of the amorphous phase of reference (RS) and purified polypropylene (PS), probed by

positronium.

free volume in the amorphous phase was increased by a sig-
nificant amount. In order to estimate the increase in free volume
due to purification, we assumed the number of free volume holes
at5.2 x 10%° g~ ! for the amorphous phase of polypropylene in the
rubbery state based on the studies by Baer et al.** The mean free
volume hole size in the reference sample is 0.139 nm? as it follows
from our PALS measurements. The fraction of free volume of
amorphous PP layers at room temperature is then NpD ~ 0.065,
where N is the number of free volume holes in 1 g of amorphous
phase, p is the density of the amorphous phase, and D is the mean
size of free volume holes (0.139 nm®). The additional free volume
generated by purification is 0.9 wt %/0.9 g/em® = 0.01 vol of a
sample. Considering that the new free volume is concentrated
only in the amorphous phase, we arrive at a total free volume
fraction of 0.09 in the amorphous phase. Since Figure7a illus-
trates normalized size distributions of free volume holes, the
curves should be corrected considering that the total free volume

for the reference sample is 0.065, while for the purified sample it is
0.09. The new plot is presented in Figure 7b.

Analysis of the presented data clearly indicates an increase
in the mean size and number of the free volume regions in the
purified material. Removal, as a result of extraction, of
stabilizers, other additives, and low-molecular weight frac-
tions filling the amorphous part of the material leads to
changes in the interlamellar regions, which results in the size
increase of empty spaces constituting an integral part of the
unordered phase.

Intensification of the cavitation process in the purified samples
can only be explained by the changes in the amorphous phase,
namely, the changes in free volume by eliminating low fractions
and soluble additives. The scheme illustrating the enlargement
of free volume pores in solidified polypropylene upon extraction
of stabilizers, additives, and low molecular weight fractions is

presented in Figure.8.
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Figure 8. Schematics illustrating formation of larger and more numer-
ous free volume pores in amorphous layer of polypropylene upon
extraction of stabilizers, additives, and low molecular weight fractions.

Conclusions

Extraction of additives and the low molecular weight fraction
from solidified polypropylene by a mixture of nonsolvents or
by supercritical CO, does not cause any detectable changes to
its crystalline phase. Neither the long period, as measured by
SAXS, nor the crystallinity of the samples have changed.
Changes introduced to the amorphous phase by extraction was
limited to a significant increase in the free volume; however, the
entanglement density and number of taut molecules spanning
neighboring lamellae remained untouched as it can be judged
from the lack of changes in strain hardening behavior. Also, the
natural draw ratio of samples before extraction and after extrac-
tion is very similar if the contribution to the cross section area in
the purified sample of additional cavities was taken into account
(see Figure 4 showing an increase in the volume of deformed
samples due to additional cavities).

Purification caused two detectable effects: increase in free
volume (by PALS) and increase in cavitation intensity (volume
strain, SAXS). Since all other parameters of the material were not
changed significantly, it is evident that there is a strong depen-
dence between free volume, which increased by extraction of
additives and low molecular weight oligomers, and intensification
of cavitation.

The dominant role of the free volume of the amorphous phase,
which is an integral part of unordered regions of all crystalline
polymers, in formation of cavitation pores proves that initiation
of the phenomenon is of a homogeneous nature. We mean by the
term “homogeneous nucleation” a nucleation from the material
itself in contrast to heterogeneous nucleation on foreign sub-
stances. That was proven by removing most of the heterogeneous
nuclei: impurities, additives, and gas. It appears that in crystalline
polymers a heterogeneous nucleation of cavitation is nearly
inactive. The observation of heterogeneous nucleation of cavita-
tion at the level of stress of 0.5 MPa by chalk particles by Nowacki
et al.>' concerned the decohesion of polymer melt at much larger
sizes than the amorphous layers in polypropylene: 1-3 um

Rozanski et al.

against 10—20 nm and assuring weak bounding between
polymer melt and filler particles. In polypropylene, the homo-
geneous nucleation of cavitation occurs under a negative stress
of 10—20 MPa. We expect similar behavior connected with
extraction of additives and the low molecular weight fraction
in other crystalline cavitating polymers.
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ABSTRACT: The free-volume properties in a system of zinc oxide (ZnO) nanoparticles (20 nm) dispersed in
waterborne polyurethane (WBPU) were measured using positron annihilation lifetime spectroscopy. Two
glass-transition temperatures (7,), lower T, ~ 220 K and higher T, ~ 380 K of the ZnO/WBPU nano-
composites, were found and both increase with increasing zinc oxide content from 0% to 5%. These two glass
transitions are interpreted from two segmental domains of WBPU the lower T, is due to soft aliphatic chains
and high T is due to polar hard microdomains, respectively. The increase in 7, with the addition of ZnO
fillers is mainly attributed to interfacial interactions through hydrogen bonding, van der Walls forces, and
electrostatic forces between the polymer matrix and zinc oxide nanoparticles. These results are supported by
the data from the dynamic mechanical thermal analysis (DMTA). The relationship between the free volume
obtained from nanoscopic positron method and the physical cross-link density from macroscopic DMTA
method as a result of microphase separation of hard and soft segments in polyurethane is found to follow an
exponential function. Chemical properties and surface morphology of nanocomposites were examined by

Fourier transform infrared spectroscopy (FTIR) and by atomic force microscopy (AFM).

1. Introduction

Nanoparticles are a class of materials with unique chemical
and physical properties and wide application potential to diverse
areas.'® Dispersion of nanoscale inorganic fillers into organic
polymers to form polymer nanocomposites has gained increasing
interest in recent years.* " Controlling the nanostructure, com-
position, and morphology of nanocomposites plays an essential
role in their diverse applications. Novel properties and advan-
tages of nanocomposites can be obtained by successful imparting
of the characteristics of parent constituents to a single material,
such as increased mechanical strength, improved gas permeas-
electivity, and enhanced thermal and electrical properties.'®'#

Zinc oxide (ZnO) is an important semiconductive material and
has drawn much attention due to its characteristics i n opucs
photonics, electronics, and biological applications.'® For
example, ZnO has a special UV absorption with the band gap
of 3.4 eV, it also shows a marked antibacterial activity at EH
values in the range from 7 to 8 without the presence of light.'>'®
ZnO nanoparticles can be obtained by various methods including
thermal evaporation, electrochemical deposition, sonochemical
method, sol—gel, hydrothermal synthesis and so forth.'” Various
one-dimensional (1D) ZnO nanostructures have been realized,
such as nanorods, nanowires, nanobelts, nanosheets, nanotubes,
nanonails, etc.'”? Among the 1D ZnO nanostructures, nano-
rods have been widely studied because of their easy preparation
and wide applications.'® In the existing studies, ZnO nanoparticles
were blended with varlous types of polymers, such as polyethy-
lene,** polypropolyene, > poly(methyl methacrylate) (PMMA),>”*

*Corresponding author. jeany @umkc.edu.

© 2010 American Chemical Society

polystyrene,”” polyamide,’ Pol;/clcrylonitrile,31 polyacrylate,*
and recently polyurethane,’ to achieve specific materials
properties and performance.

Waterborne polyurethanes (WBPU), namely polyurethanes
dispersed in water, are a new generation of polyurethane (PU) in
manufacturing electronic, adhesive, coatings, membranes, and
biological applications.**~*” They represent a major trend in the
PU development because of the increasing interest about the
environmental pollution, the health and safety risks. A wide
variety of aqueous systems can be tailored with properties based
on polyurethane chemistry and technology and related to con-
ventional solvent-borne coatings, and with several technological
advantages, including low viscosity and good applicability as
coatings for different types of substrates (such as wood, concrete,
leather, metal, textiles, and some polymers).** " The WBPU
synthesis is based on a polymerization process which involves di-
or polyisocyanates and di- or polyols, which are essentially the
same used for the preparation of conventional PU.>® The large
applicability of WBPU results from the fact that their perfor-
mances can be modified by selecting appropriate raw materials,
catalysts, and auxiliary compounds, by employing various pro-
duction methods, and/or by using various methods for further
processing and/or for shaping the final products.

Polyurethanes offer good elasticity because of their specific
microstructure, which contains two parts: a r1%1d chain segments
(hard) and a flexible chain segments (soft).*>* The soft seg-
ments originate from the polyol and impart elastomeric char-
acteristics to the polymer and the hard segments contain the
highly polar urethane linkages and act as a high modulus “filler”.
The thermodynamic incompatibility of the polar hard segments
with the nonpolar soft segments produces microphase-separated

Published on Web 12/09/2010 pubs.acs.org/Macromolecules
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Figure 1. General chemical structure of waterborne polyurethane (WBPU).

structures, forming microdomains. The properties of WBPU
depend on the relative amount of the soft and hard segments.

The diisocyanate residues and the chain extenders aggregate
into hard domains due to the intersegment hydrogen bonding
between N—H and C=O0 groups. The hard domains are dispersed
throughout the soft segment matrix and impart mechanical strength
to the WBPU acting as physical cross-links. As a consequence,
the physical,” mechanical,®* %% and adhesive*' properties strongly
depend on the degree of phase separation and on the intercon-
nectivity of the hard domains.

Existing physical methods, such as NMR, FTIR, DMTA,
neutron diffraction, X-rays, AFM, SEM, XPS, etc.®*® have
been employed to investigate basic properties polymer nanocom-
posites. Only recently, a novel method, positron annihilation
spectroscopy (PAS) has been used to investigate atomic and
molecular defects and interfacial properties.®”*” One of PAS
techniques, positron annihilation lifetime spectroscopy (PALS),
is capable of determining the free-volume and hole properties
directly at the atomic and nonoscales.”®” This capability arises
from the fact that positronium (bound state of positron and
electron, Ps) is preferentially localized in regions of low electron
density sites, such as free volumes, holes, interfaces, and pores.
The primary mechanism of annihilation of triplet positronium
(0-Ps) is by pick-off with electrons of the polymeric materials
under study. Thus, the intrinsic o-Ps lifetime (142 ns) is shortened
to a few ns (1—10 ns) by two-y annihilation processes. Generally,
the lifetime of 0-Ps is determined by an overlap integral between
the positron and the electron densities in the free volumes of
molecular systems. Therefore, the o-Ps lifetime is expected to
correlate directly with the dimensions where Ps is localized. A
larger hole, which contains a lower mean electron density, results
in a longer Ps lifetime. A simple quantum mechanical model,
where 0-Ps resides in a spherical well having an infinite potential
barrier of radius R, with a homogeneous electron layer in the
region R < r < R,, (R, = R +AR) has been proposed to derive
the relationship.'® Such a model provides a simple relation
between the o-Ps lifetime, usually denoted as 73, the third mean
lifetime as analyzed from experimental PALS data and the mean
free-volume radius (R). A semiempirical equation by fitting the
measured o-Ps lifetime (73) in a spherical infinitive potential
model with known cavity sizes is established as:'%~

1/75 = 2[1—R/Ro+ (1/27) sin(27R/R, )] (1)

where 73 and R are expressed in the units of ns, and A, respectively
and AR was calibrated to be 1.656 A.

In this paper, we use PALS to measure free-volume sizes,
distributions, and relative fractions in ZnO/WBPU nanocompo-
sites with different % of ZnO nanoparticles and correlate
chemical, physical, and mechanical properties obtained by con-
ventional methods, FTIR, AFM, and DMTA.

2. Experimental Section

2.1. Materials and Sample Preparation. A waterborne disper-
sion of ZnO nanoparticles (NANOBYK, BYK) and a water-
borne dispersion of polyurethane (WBPU, Bayhydrol, Bayer
Material Science) were selected for this study. The chemical
structure of waterborne polyurethane (WBPU) is shown in
Figure 1. The WBPU was composed of long-chain aliphatic
polyester segments (R, R’), which form a low-melting-point
elastomeric matrix (soft) and of polar urea (—NHCONH—) and

urethane (—NHCOO-—) groups, which aggregate into glassy
(hard) microdomains. This microphase separation is resulted
from the intersegmental hydrogen bonding between N—H and
C=O0 groups and due to the incomparability of the nonpolar
soft segments and the polar hard segments. The hard segmental
microdomains were winded throughout the soft segments and
behave as physical cross-linking, which contributes to the
mechanical strengths of the WBPU.>*~%8

The ZnO nanoparticle dispersion contains 45% by mass of
nonvolatile substance, in which 86% is ZnO (measured by
thermogravimetry analysis). The nominal diameter of the ZnO
nanoparticles is 20 nm (provided by the manufacturer). This
nanoparticle dispersion is designed by the manufacturer to
improve the long-term UV stability of coatings for wood and
furniture, as well as architectural applications. The WBPU is a
one component anionic dispersion of an aliphatic polyester
urethane resin in water/n-methyl-2-pyrrolidone. ZnO nanopar-
ticle/WBPU films (hereafter referred to as ZnO/WBPU) were
prepared by mixing the WBPU dispersion with different load-
ings of ZnO dispersion using a mechanical stirrer (Dispermat,
VMA) at 315 rad/s (3000 rpm) for 20 min. After degassing for 1 h
in vacuum, the mixture was then applied to the substrates. Thick
films having a thickness of 100 4m were prepared by drawdown
technique on the glass substrate that was pretreated with a
releasing agent. All films were dried overnight under ambient
conditions, followed by an oven postcure at 423 K for 10 min.
Freestanding ZnO/WBPU films were obtained by removing the
thick films from the glass substrates. Thin films having a
thickness of approximately 6 or 100 um were prepared by spin
coating onto calcium fluoride (CaF,) substrates at 209 rad/s
(2000 rpm) for 30 s. In addition, WBPU films without ZnO
nanoparticles also were prepared for comparison.

2.2. Measurements. 2.2.1. Dynamic Mechanical Thermal
Analysis (DMTA). The thermal mechanical properties of the
ZnO/WBPU films, such as storage module (G'), the loss module
(G'"), and the loss tangent or dissipation (damping) factor (tan 9):

tand = G"/G (2)

were measured on an RSA III (TA Instruments) dynamic
mechanical thermal analyzer (DMTA). Figure 2 shows the
modules’ results from DMTA measurements.

The glass transition temperature (7,) measurements were
determined from the peak positions of tan ¢ vs temperature
from ~170 to 420 K at a temperature ramp of 3 °C/min, with a
frequency of 1.0 Hz and a strain of 0.5% and were the average of
three measurements.

2.2.2. Fourier Transform Infrared Spectroscopy (FTIR). Che-
mical structures of the ZnO/WBPU films coated on CaF, were
measured by FTIR transmission using a PIKE autosampling
accessory (PIKE Technologies). The autosampler accessory was
placed in an FTIR spectrometer compartment (Nicolet 560x)
equipped with a liquid nitrogen-cooled mercury cadmium tell-
uride (MCT) detector. Spectra were recorded at a resolution of
4 cm™ ! and were averaged over 128 scans. The peak height was
used to represent IR intensity, which was expressed in absor-
bance. Four characteristic peaks are seen: 1250 cm™ ! due to
ether C—O—C or C—N—C stretching, 1732 cm™ ' due to carbo-
nyl stretching C=0, and 2928 cm ™' due to C—H stretching of
soft segment, and the longer ~3330 cm ™' due to the stretching
vibration of N—H or O—H in hydrogen bonding.!°*!%* The
FTIR spectra (Figure 3) show no new covalent bonding between
ZnO and WBPU.
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Figure 3. FTIR transmission spectra of pristine WBPU and ZnO/
WBPU films containing 1%, 2%, and 5% ZnO loadings by mass.
The specimens are spin-coated films on CaF, substrates.

2.2.3. Atomic Force Microscopy (AFM) Measurements. In
recent years, AFM has been successfully used to image the
microdomains in polymers.'®>~'"” A Dimension 3100 AFM
(Veeco Metrology) was used to image the morphology and the
microstructure of the nano-ZnO filled WBPU. The AFM was
operated in the tapping mode using commercial silicon probes
(TESP 70, Veeco Metrology). A resonance frequency of approxi-
mately 300 kHz and a free-oscillation amplitude of 62 nm +2 nm
were used. The set-point ratio (the ratio of set point amplitude to
the free amplitude) ranged from 0.60 to 0.80. Figure 4 shows the
AFM images of ZnO/WBPU systems.

The phase contrast image shown in Figure 4 reveals that the
WBPU films have a two-phase heterogeneous nanostructure
with bright domains about 10—20 nm in diameter. This can be
attributed to the microphase separation of the hard and soft
segments in the WBPU. No distinct differences are observed in
the phase contrast for the films with different ZnO loadings.
Note that these nonstructural domains are independent of their
surface topography and the phase contrast and the size of the
bright domains are similar. A number of particles that show
relatively bright contrast in the phase images are likely ZnO
nanoparticles; the diameters of these particles are around 30—50
nm. Considering the AFM tip effect, it is reasonable to suggest
that these particles are monodispersed ZnO nanoparticles;
a WBPU rich layer exists on the film surface.

2.2.4. Positron Annihilation Lifetime Spectroscopy (PALS). A
conventional fast—fast coincidence spectrometer with a time
resolution 280 ps was used for PALS measurements.”® WBPU
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and ZnO/WBPU films (about 100 um thickness) were staked
together to obtain a suitable thickness of the sample. The
positron source (10 £Ci)**Na was deposited in an envelope of
KAPTON foils (6 um thick) and then sandwiched in between
eight identical pieces of the samples. This sandwich was com-
pletely enclosed in a copper sample holder at the end of the
coldfinger of a close-cycle helium gas refrigerator (ADP). Each
selected temperature was kept constant within 1 K during data
acquisition. The entire source-sample assembly was placed
under high vacuum. The following sequence of measurements
was carried out: first, the measurements were performed at r.t.
(293 K) on samples immediately after source installation. Sec-
ond, the temperature was lowered to 20 K and then the experi-
ments from low temperature to 420 K and then down and then
up for three cycles at a temperature interval of 5—20 K. One or
two million (some selected temperatures) counts were recorded
at each temperature for a typical period of acquisition 3—5 h. In
conventional analysis the PATFIT-88 program'® was em-
ployed. And the PALS spectra were analyzed into three com-
ponents (7, 7, and 73) with their intensities (/;, I, and 73). Source
correction terms were made from each spectrum in data anal-
ysis. We further used LT.9 program'® to obtain the lifetime
distribution. Four-lifetime analyses were attempted and the results
did not show as systematic as from three-lifetime analysis. We
only present three-lifetime analysis results here.

3. Results and Discussions

3.1. Dependence of Positron Annihilation Lifetime on Nano-
filler. We performed the PALS experiment as a function of
ZnO concentration at room temperature. Figure 5 shows
the o-Ps lifetime, 73, (also free-volume radius, R) and o-Ps
formation intensity, I3, as a function of ZnO concentration.
Itis observed that the o-Ps lifetime decreases with increasing
ZnO concentration which indicates the decrease of the mean
free-volume size. Similarly, I3 decreases with increasing ZnO
nanofiller concentration.

The relationship between free-volume parameters and
ZnO concentration is observed in addition by taking the
product of I3 and Vy, = 47R>/3, where R is calculated from
eq 1 from 73 data shown in Figure 5 and by a scaling factor,”®
which refers as the relative fractional free volume (FFV) as
shown in Figure 6. As expected, the free volume (7}, in
Figure 6) as a function of ZnO concentration has the similar
behavior as 73 (Figure 5) does. However, the relative frac-
tional free volume (FFV) can be well fitted into a linear
equation with a good correlation factor r* = 0.987 while the
free volume (77%,) could not fit well. The linear relationship
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Figure 4. High magnification AFM height (left) and phase (right) images of the surfaces of pure WBPU and ZnO/WBPU films containing 0%, 1%,

2%, and 5% ZnO by mass. Lateral dimensions of the images are 1 um x 1 um. The height scale is 5 nm and the phase is 5°.
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Figure 5. o-Ps lifetime and intensity as a function of ZnO concentration (Lines were smoothly drawn for eye-guide purpose only).

T T T T T T 19 T T T T T T
1.8 E
105 < -
—
<
5 3
£ =
£ o
S 1004 1 4+
>
[0}
o
[T
95 13 T T T T T

o -

1 2

T
3

o

2

3

ZnO (wt %) Zn0 (wt %)

Figure 6. Free volume and relative fractional free volume as a function of ZnO concentration at room temperature. The line in free volume plot (left)
was drawn through data points and the line for FFV (right) is from linear regression.



Article

PDF

0.20

0.18-
0.16—.
0,14—-
0.12—-

0.10

Ca—PUO%ZnO|
PU1%ZnO| ]
//\ PU2%ZnO| ]

—v—PUS5 % ZnO -

|

n
~a

0.08

0.06 \“. i
K -

\
"

J \
0.04 v
\

a
| \
|/
0.02 v v .

1 /'/ v
0.00 Al ST R

Lifetime, (ns)

0 1 2 3 4 5 6

o5 (Ns)

Macromolecules, Vol. 44, No. 1, 2011

0.50
0.48 ]
0.46 4
0.44 ]
042d |
0.40 4
038
0.36 4

33

034d | ]
032 ) ]
0.30 ]
028 ]

0.26 4 ]
— .
0 1 2 3 4 5
Zn0 (wt %)
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between relative FFV vs ZnO (%) may be understood that
ZnO has no o-Ps' ' ""2 and the correlation between 73 and I
(typical correlation coefficients = —0.7 to —0.8) in the PATFIT
analysis. It should be noted that FFV here in nanocompo-
sites is not referring to the number density of free volume
holes in polymer matrix itself.

The PALS data were further fitted into lifetime distribu-
tion using the LT program. Figure 7 shows the results of o-Ps
(13 or free-volume radius) distributions and the dispersions
of the distributions (03) from LT analysis. It is interesting to
observe a narrowing of distributions due to the addition of
nano fillers into polymers. This may be resulted from the
interfacial interactions between the surface of nanoparticles
and polymers.

3.2. Dependence of Positron Annihilation Lifetime on Tem-
perature. The temperature dependence of the o-Ps lifetime
and its intensity for pristine WBPU is shown in Figure 8. As
shown in this figure, while the o-Ps intensity (right plot)
scatters around at 8.9 + 0.8% but no systematic variation
with the temperature (7)), the o-Ps lifetime (left plot) in-
creases systematically with 7. They compose of three re-
gions: the low temperature (7 < 210 K); the intermediate
(210 < T < 380 K) and the high temperature 7 > 380 K,
respectively. These three-region variation from PALS is con-
sistent with the reported results obtained by different techniques
in similar polyurethane systems.''*~!'” We therefore fitted

three regions’ data in three linear regressions and obtained
three lines as shown in Figure 8. Then we calculated the two
intercept temperatures, one at 210.25 £+ 2.82 K, and the other
at 363.48 £+ 9.91 K, respectively. We interpret these results
and the intercepts as two transition temperatures (7,) as
follow.

First, cycling temperature up, down, and up three times,
the PALS results do not show any hysteresis that indicates
that there is no significant physical or chemical aging in the
temperatures between 20 to 420 K during a period of 3
months of PALS experiments. Therefore, we proceed to
interpret the increase of o-Ps lifetime or free-volume size as
a thermal expansion of free volume. Second, at the very low
T region (<210 K), we interpret that the increase of free
volume is dominantly contributed from the motion of the
soft segment of -O—(CH,),,— of R and R’ in WBPU (Figure 1
of chemical structure) and we observe an onset of o-Ps
lifetime (free-volume radius) as shown in Figure 8. The first
on-set temperature (210 K) is assigned as the commonly
known T, for WBPU and is consistent with the literature T,
(215 K) obtained from DSC''® and DMTA?'?% methods.
Third, further increasing temperature above 360 K, the slope
of 0-Ps becomes less steep as shown in Figure 8. In homo-
geneous polymeric systems, this often occurs at 7" > T, +
~ 100 K, where o-Ps lifetime reaches a plateau or very small
temperature dependence.”®%?° This nearly temperature
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Table 1. Glass Transition Temperatures from Various Methods in ZnO/WBPU Nanocomposites
samples existing 7, (K) [118—120] T, from this DMTA work T, (low) from PALS T, (high) from PALS
0% ZnO/WBPU 215 [DSC], 356 [DMTA] 3645+ 1.2K 210.25+£2.82K 363.48+991K
1% ZnO/WBPU 387+ 48K 215.40+2.19K 368.97+ 6.86 K
2% ZnO/WBPU 392+ 1.5K 220.90+3.23K 371.85£9.79K
5% ZnO/WBPU 396+ 1.3K 236.61 +2.75K 382.01+£5.55K
0.7 r T r T T T T T T - T T T T T T 1
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Figure 9. DMTA result: plots of tan 0 vs temperature for WBPU/ZnO
nanocomposites.

independence region has been explained by the Ps-bubble
formation in low viscosity fluids such that an artificial
bubble is created due to the zero-point energy when Ps is
localized in liquids.”®* ' In the current WBPU polymer
which contains two phases or domains, a soft segment and a
hard microdomain, the o-Ps lifetime variation needs further
consideration. At 7" > 360 K, the soft segmental region is in
the liquid state, where Ps-bubble formation will contribute
no or insignificant lifetime expansion as been observed in
most polymers.”>*%° However, the hard segments become a
dominant contribution to the increase of 0-Ps lifetime parti-
cularly when the glass transition temperature of the hard
segmental microdomains is reached. This hard microdomain
is responsible for the mechanical behavior of WBPU and its
T, has been observed better by DMTA method. The dissipa-
tion factor (tan J) plot of DMTA data (Figure 9) clearly
shows a predominate peak at 7 = 364 K, which agrees well
with the reported value of hard segmental 7, (364.5 K). 119,120
Therefore, we assigned the high temperature onset (364 K)
from PALS as the second 7, of WBPU. It is noted that the
low T, (210 K) is also seen as a shoulder peak in Figure 9 but
not a remarkable peak. This is because the intrinsic property
of DMTA mainly for dynamic mechanical responses, at this
low temperature, the mobility of the soft domains is re-
stricted by the glassy hard domains. On the other hand, the
DSC results''® only clearly show the soft segment motion
since the heat capacity change for the hard segmental tran-
sition is much less than the soft segmental motion and normally
escape from the DSC test. It appears that PALS can clearly
detect both soft (low T,) and hard segmental (high T)
motions in terms of free volume. The T, results from this
work are compared with others in Table 1.

3.3. Glass Transitions as a Function of ZnO Concentra-
tions. The results of 0-Ps lifetimes vs temperature for WBPU
with different ZnO (%) nancomposites are shown in Figure 10.
Similarly, we observed: (1) o-Ps intensity scatters at a con-
stant value (data similar to Figure 8 and not shown) for each
of three ZnO concentrations similar to that as in Figure 8
except the absolute value decreases with the addition of ZnO;
(2) three regions of o-Ps lifetime variations vs T are seen as
in pristine WBPU; and (3) two intercept temperatures are

T T T T T T T T T T T T T T T T
0 50 100 150 200 250 300 350 400 450
Temperature, (K)

Figure 10. Temperature dependence of o-Ps lifetime in ZnO/WBPU
composites.
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Figure 11. Glass transition temperatures as a function of ZnO con-
centration in the WBPU matrix.

obtained from linear regression as T, (low) and T, (high) due
to soft and hard segmental motions, respectively. It is inter-
esting to further observe that the glass transition tempera-
tures of both soft and hard regions increase with the increase
of the concentration of ZnO. The obtained two T, values
from the intercepted temperatures among three regions are
listed in Table 1.

The increase of Ty's vs % ZnO in WBPU is plotted in
Figure 11. As noticed from the Table 1 and Figure 11 that T,
increases with increasing ZnO content for both soft and hard
segments. While the trend of the increase in high 7, is
consistent with the DMTA data, the amount of T}, increase
by PALS is slightly less than that by DMTA, as shown in the
Table 1. This is typical due to a much lonzger time of data
collection in each PALS spectrum (10°—10%5).®

The increase in T, with increasing ZnO nanoparticle
loading indicates that the mobility of the WBPU polymer
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Table 2. Thermal expansion coefficients of WBPU and ZnO/WBPU composites

samples Ay (KN4 Apn (KT Qs (KN Qpurk at 293 K (K1) [121—124]
0% ZnO/WBPU 233x 1073 7.34% 1073 3.06x 1073 6.04x107*
1% ZnO/WBPU 1.90 x 1073 7.12x 1073 276 x 1073
2% ZnO/WBPU 230%x 102 6.96 x 103 240x 1073
5% ZnO/WBPU 228 %1073 8.86x 1073 231x1073

“ Glassy state of soft segments ( <210 K). ? Rubbery state of soft segments. “ Rubbery state of hard segments (> 360 K).

chains has been reduced after introducing nanoparticles into
the polymer, suggesting interfacial interactions could exist
between ZnO nanoparticles and WBPU molecules. Note
that the ZnO nanoparticles used in this study were modified
with wetting agents/surfactants by the manufacturer for the
dispersion and designed to be compatible with the water-
borne polymer matrix. Possible interfacial integrations are
hydrogen bonding, van der Walls forces, and electrostatic
forces. The hydroxyl groups on the surface of the ZnO
nanoparticles tend to form hydrogen bonding with the
urethane linkage in the hard segments and the ester linkage
in the soft segments of WBPU. The FTIR spectra (Figure 3)
show a slight variation of intensity in major bands of WBPU
that mainly due to thickness variation, but no new peaks
from covalent bonding between ZnO and WBPU were
observed. An increase of T, due to ZnO concentration can
be attributed to overall increased interfacial interactions
between nanoparticles and polymers that is because no
substantial differences in the degree of nanoparticle disper-
sion were observed for nanocomposites with different
amounts of ZnO nanoparticles (data not shown).

Next, from the o-Ps lifetime data of Figure 10 and their
corresponding free volume (Vy, = 4R>/3), we calculated the
thermal expansion coefficient of the free volume, ag, using
the equation o, = (1/Vu)(AVi/AT).”*? The results of the
free-volume thermal expansion coefficients in three regions
oy (glassy state of soft segments), o, (rubbery state of soft
segments), and o3 (rubbery state of hard segments, assum-
ing insignificant Ps-bubble expansion) are listed in Table 2.
These values (on the order of 1072 K1), which are signifi-
cantly larger than the thermal expansion coefficient of the
bulk of WBPU of 6.04 x 10~* K~ '."2'"12* This large dif-
ference comes from the fact that PALS probes only the free
volume while the bulk oy, 1s contributed from a fraction of
free-volume expamsion.%‘99 Furthermore, it is observed
that the free-volume thermal expansion coefficient in the
hard segment is only about one-third of the soft segments in
the rubbery state. This may explain why the thermal
expansion below the second T, is dominated by the soft
segmental motions. The addition of the ZnO nanoparticles
appears to decrease the hard segment’s expansivity while it
does not affect systematically for the soft segmental free
volumes.

3.4. Relationship between Free Volumes and Mechanical
Properties. Information about the molecular motions of
WBPU chains can be obtained from the analysis of DMTA
data, which should have some links with the molecular level
free volumes from PALS. First, the plots of dissipation loss
factor, tan J, versus temperature for the WBPU/ZnO sam-
ples shown in Figure 9 display a similar variation as the free-
volume (o-Ps lifetime) variation in Figure 10. Two peaks
were observed from DMTA: a very small peak for the glass-
transition temperature of the amorphous soft segments (7)
at a lower temperature and a large peak corresponding to the
glass-transition temperature of the amorphous hard seg-
ments (T,y) at a higher temperature in WBPU. In PALS,
two intercepting temperatures were detected as glass transi-
tion temperatures, corresponding to soft and hard segments.
However, DMTA is more sensitive to the hard segmental

motion than the soft segmental while the free-volume change
from PALS is more pronounced for the soft segments than
the hard segmental part of WBPU. Second, the trend ob-
served for the shift of the peak position in the plot of tan § vs
temperature is consistent with the plot of the free volume
vs temperature when the amount of the ZnO nanoparticles
increases. For PALS, the addition of ZnO decreases o-Ps
lifetime (free volumes) as shown in Figures 8 and 10 and its
intensity as ZnO has no Ps formation.

Corresponding to the two glass transition temperatures
observed in DMTA tan J vs temperature plot, the storage
module, G’, vs temperature (Figure 2) shows three general
regions: glassy state of soft segments (7' < 220 K), rubbery
state of soft segments (220 K < T < 330 K), and rubbery
state of hard segments (7" > 330 K). This is consistent with
the PALS results. It is well-known''®!?3 that the value of
G/, at the rubbery region can be used to estimate cross-link
density of the polymer network. Because the glassy hard
segments can act as physical cross-linkers for the soft
segments in the WBPU, we attempt to estimate such
physical cross-link density from rubbery state of soft seg-
ments in the DMTA. Here the physical cross-link density
arising from hydrogen bonding between hard segments
in WBPU is used in the estimation to replace the chemical
cross-linking in rubbery state. The hydrogen bonding may
dissociate as the temperature increases, resulting a loss of
physical cross-linkers.

The physical cross-link density ch) in WBPU can be
expressed in the following equation:

Xe = A exp(E,/RT) 3)

where X, is the physical cross-linking density (mol/cm?), 4 is
a constant, R, the gas constant, 7, the absolute temperature,
and E, is the apparent activation energy for hydrogen
bonding dissociation. According to the kinetic theory of
elasticity, the storage modulus in the rubbery state of soft
segments can be expressed as the following equation:''®

G = X.RT = ART exp(E,/RT) (4)
Thus, the above equation can be rewritten as
InG/T = In AR+ E,/RT (5)

Then, E, and A are obtained from the slope and intersection
of plotting In G'/T versus 1/T, as shown in Figure 12. The
values of E, from the slope of the straight line are found to
be 76.23 kJ/mol for WBPU 0% ZnO; 55.07 kJ/mol for
WBPU/1% ZnO, 48.68 kJ/mol for WBPU/2% ZnO, and
45.57 kJ/mol for WBPU/5% ZnO, respectively. A decrease
of E, vs % ZnO is observed as shown in Figure 13. This
decrease may be due to a strong interfacial interaction
between ZnO and WBPU that reduces the hard segmental
hydrogen bonding dissociation.

The In of physical cross-link densities (X.), calculated from
eq 3 vs 1/T, are shown in Figure 14. It follows a linear
relationship with respect to 1/7 as plotted in Figure 14. We
also observe that physical cross-link density increases with
increasing ZnO content in the plateau temperature region.
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Figure 12. Plots of In G'/T and 1/T for ZnO/WBPU nanocomposites.
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Figure 13. Variations of E, for hydrogen bonding vs % ZnO in ZnO/
WBPU nanocomposites. The line was smoothly drawn through data points.
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It indicates that the addition of ZnO increases the physical
cross-link density in the WBPU matrix.

Since the free volume and cross-link density has an anti-
correlation, we plot the free volumes obtained by PALS vs
the cross-link density obtained from DMTA in Figure 15.
We fitted the free volume (77,) and X, and found that it
follows nicely in an exponential equation as below:

Vi = Cexp(—DX,) (6)

where C and D are fitting parameters. It is interesting to
observe this negative exponential relationship, which is dif-
ferent from chemical cross-link density, that usually shows a
reciprocal relationship with free-volume parameters.”®'?
This result shows a direct link between the nanoscopic free
volumes obtained from PALS and the cross-link density
derived from macroscopic DMTA tests for these ZnO filled
nanocomposites.

4. Conclusion

We have reported a systematic study of free volumes in a series
of ZnO dispersed waterborne polyurethane matrix as a function
of temperature between 20 and 420 K. We found the addition of
ZnO nanoparticles decreases the free volumes of ZnO/WBPU
systems. A systematic increase of free volume and distributions
was observed as a function of temperature. From the free volume-
temperature data, we observed two glass transition temperatures
in ZnO/WBPU systems: low T, (~220 K) and high T, (~380 K)
due to the two segmental motions in WBPU, soft segments and
hard microdomains, respectively. This observation is consistent
with the DSC, and DMTA results. The increase in the both glass
transition temperatures with the increase of ZnO content can be
attributed to hydrogen bonding, van der Walls forces, and
electrostatic forces between surfaces of ZnO nanoparticles and
WBPU. We also observe an exponential relationship between
the free volumes from nanoscopic PALS probe and the physical
cross-link density from macroscopic DMTA method.
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ABSTRACT: Ionic liquid polymeric gel membranes containing from 20 wt % to 80 wt % of the ionic liquid
1-ethyl-3-methylimidazolium bis(trifluoromethylsulfonyl)imide ((EMIM][TFSI]) in poly(vinylidene fluoride-
co-hexafluoropropylene) (p(VDF-HFP)) were prepared by solvent casting from a solution in acetone. The
effect of the ionic liquid on the performance and properties of the membranes was discussed and compared
with the neat polymer. In the presence of an excess of ionic liquid, p(VDF-HFP) membranes swell in a
significant way, especially above 70 °C, becoming completely soluble above 90 °C. DSC analysis shows a
gradual decrease of the melting point of the gel and a decrease in the overall melting enthalpy with increasing
IL content, whereas the melting enthalpy normalized for the polymer fraction shows an initial drop and then a
gradual increase. In the presence of the ionic liquid, the elastic modulus and break strength decrease
dramatically, while the maximum deformation first increases due to higher flexibility of the plasticized
polymer and then rapidly decreases above 40 wt % of IL as a consequence of the progressive decrease of the
number of entanglements. X-ray studies demonstrate a reduction in the overall crystal content. The position
of the strongest diffraction peak remains unaltered in all samples, suggesting that only the polymer chains
crystallize and that no cocrystallization of ionic liquid and polymer takes place. Preliminary gas permeation
measurements show a significant increase of the permeability in the presence of [EMIM][TFSI], especially for
carbon dioxide. This suggests a potential application in gas separation membranes, for instance for natural
gas treatment or for CO, sequestration from flue gas.

Introduction

During the past few years, ionic liquids (IL) have been re-
cognized as a possible environmentally benign alternative to the
classical organic solvents, mainly due to their good thermal sta-
bility and ability to dissolve a large range of organic molec-
ules.! Tonic liquids have also been successfully applied in a wide
range of applications, for instance in asymmetric synthesis, elec-
trochemical applications, extractive separation in biotechnology,”*
and also in membrane gas separations’ and pervaporation.
Their successful use is based on their extremely low volatility
and consequent stability of the membrane compared to tradi-
tional supported liquid membranes.

*Corresponding author. E-mail: jc.jansen@itm.cnr.it.

© 2010 American Chemical Society

Tonic liquid membranes are usually prepared in the form of
supported liquid membranes, in which the pores of a porous
membrane are saturated with the room temperature ionic liquid
(RTIL).” In such membranes, the ionic liquid is trapped inside the
pores by capillary forces. Although evaporation of IL can be
excluded, if such membranes come in contact with a liquid phase,
for instance in pervaporation, they can loose the ionic liquid from
inside the polymer network due to swelling and leaching into the
liquid phase.

To avoid this problem, in other cases membranes were
prepared from polymerized room-temperature ionic liquids.®’
These RTILs are more stable but they require particular
polymerizable groups and sophisticated membrane prepara-
tion techniques.

Published on Web 12/14/2010 pubs.acs.org/Macromolecules
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IL Gels/Membrane Preparation and Their Use. Numerous
polymers may form thermoreversible gels from dilute or
concentrated solution in the proper solvent.'® A continuous
physical network structure extending throughout the volume
of the system is formed when at a certain reduced solvent
power of the medium the polymeric chains form association
complexes at widely separated points. In the majority of the
cases these gels derive from the existence of a crystalline
network structure, formed upon cooling from the homoge-
neous solution.

Such gels may also be formed starting from the polymer
solution in a solvent mixture, in which “the good solvent” is
allowed to evaporate and the second poor solvent is non-
volatile. Upon evaporation of “the good solvent”, the poly-
mer will phase separate. Under the proper conditions, and if
the polymer is far enough below its nominal melting tem-
perature, phase separation may take place as solid—liquid
demixing. In this case, the free energy minimization favors
the formation of small crystals as a solid phase in the liquid
mixture. In this process, the polymer chains in solution form
bridges between different crystals, diminishing chain mobi-
lity so much as to preclude subsequent macroscopic phase
separation. In other cases the crystallization may be pre-
ceded by liquid—liquid phase separation, if a poor solvent or
a solvent mixture is used and the process takes place not too
far below the polymer melting point.

Very few cases have been reported where the thermore-
versible gels are based on ILs as the poor solvent for the
polymer. Recently Harner and Hoagland reported thermo-
reversible poly(ethylene glycol)/1-ethyl-3-methylimidazo-
lium ethylsulfate [EMIM][EtSO,] ionic liquid gels.'' He
and Lodge reported gels of 1-ethyl-3-methylimidazolium
bis(trifluoromethylsulfonyl)imide [EMIM][TFSI] in acryla-
mide and ethylene oxide-based triblock or pentablock co-
polymers.'? Kawauchi et al. reported thermoreversible ion
gels based on poly(methyl methacrylate)s in 1-butyl-3-
methylbenzimidazolium hexafluorophosphate.'?

The supported liquid membranes have been tested for
targeted gas/gas separations and especialay for separation
from air of volatile organic compounds,'*'* leaking from
gasoline during its storage, transportation and handling. In
comparison with frequentl?/ used polymers like polydi-
methylsiloxane (PDMS),'®""® polyether—polyamide block
copolymer (PEBA), poly(vinylidene fluoride) (PVDF), high-
free volume amorphous glassy perfluoropolymers, ~ or
cross-linked fluorinated or poly(amide-imide) polymers,>%->!
RTIL supported membranes are, highly absorbing for al-
kanes and aromates without enormous material swelling.
They also provide higher mass fluxes of separated substances
or high separation factors.?

Scope. The aim of the present work is to develop, using a
simple solution casting technique, stable RTIL membranes
in which the IL is trapped inside a polymer gel phase. A
further aim is to gain insight into the thermal, mechanical
and structural properties of the gel phase and their correla-
tion with the transport properties, in view of the potential use
of such membranes in gas separation processes.

Experimental Part

Materials. Acetone (analytical grade, Lachner, Czech Republic)
and ionic liquid 1-ethyl-3-methylimidazolium bis(trifluoromethyl-
sulfonyl)imide (puriss., 99%, Solvent Innovation, mp —20 °C) were
used without further purification. The ionic liquid (see Figure 1) will
further be abbreviated as [EMIM][TFSI].

Poly(vinylidene fluoride-co-hexafluoropropylene) fluoroelas-
tomer, further abbreviated as p(VDF-HFP), with nominal M, =
130000 g/mol, My, = 400 000 g/mol, melting point 140—145 °C

Jansen et al.
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Figure 1. Structure of the ionic liquid 1-ethyl-3-methylimidazolium
bis(trifluoromethylsulfonyl)imide ((EMIM][TFSI]).

and molecular structure —[CH,—CF,],—[CF,—CF(CF3)],,—
was supplied by Sigma-Aldrich.

The gases for the permeation tests (nitrogen, oxygen,
methane, helium, hydrogen, and carbon dioxide, all with purity
99.99+%) were supplied by Pirossigeno, Italy.

Membrane Preparation. The polymer solution was prepared
by dissolving 10 wt % of p(VDF-HFP) in acetone at room
temperature under magnetic stirring for at least 1 h until a clear
homogeneous solution was obtained. Different amounts of the
ionic liquid [EMIM][TFSI] were added to the polymer solution
under magnetic stirring and they dissolved completely in a few
minutes.

The membranes were prepared by solution casting of the
polymer/ionic liquid mixture in acetone on a Petri dish and by
subsequent solvent evaporation at room temperature for 24 h.
The membranes were further dried at 70 °C for 4 h to guarantee
complete removal of the volatile solvent.

Membrane Swelling and Solubility Tests in [EMIM][TFSI].
Films of pure p(VDF-HFP) with a thickness of 0.15 mm were
dried under vacuum at 80 °C, weighed, and immersed in an
excess of pure [EMIM][TFSI] ionic liquid. After 48 h the films
were removed from the liquid, wiped with tissue paper, and
weighed again to determine the amount of ionic liquid absorbed.
The experiments were carried out at different temperatures from
25to 85 °C.

DSC. The thermal properties of the membranes were deter-
mined by DSC analysis, using a Pyris Diamond differential
scanning calorimeter (Perkin-Elmer) equipped with Intracooler
refrigeration system. Samples of 10—16 mg were wrapped in a
small disk of aluminum foil (<5 mg) and were subjected to a
heating/cooling/heating cycle in the range from —50 to +200 °C
at a rate of 20 °C/min. Given the low weight of the sample
holder, no reference was used. Baseline subtraction was used to
reduce the curvature of the baseline. The temperature and heat
flow were calibrated with indium and zinc standards.

Mechanical Properties. Tensile tests on the membranes were
carried out at room temperature on a Zwick/Roell single column
Universal Testing Machine, model Z2.5, equipped with a 50 N
load cell and flat pneumatic clamps. The clamp surface was
covered with adhesive rubber to avoid slipping or damage of the
softer samples with high IL content.

Specimens with an effective length of 40 mm (distance be-
tween the clamps) and a width of 5 mm were tested at a
deformation rate of 20 mm min~' (=50% min "), with excep-
tion of the sample without IL, which was tested at a deformation
rate of 8 mm min~ ! (=20% min ') to avoid early rupture due to
its higher stiffness and fragility. The average value and the
standard deviation of the Young’s modulus, the break strength
and the maximum deformation were determined on a series of
4—6 samples.

X-ray. The XRD data of sample films (20 x 15 mm) were
collected at room temperature by an X’Pert PRO 6—0 diffract-
ometer (PANanalytical, The Netherlands) using Cu Ko radia-
tion (A = 1.5418 A, U = 40 kV, I = 30 mA) in parafocusing
Bragg—Brentano geometry. The data were scanned with an
ultrafast X’Celerator detector over the angular range 5—70°
(260) with a step size of 0.033° (26) and time per step 20.32 s. Data
evaluation was performed by the software package HighScore
Plus.

Gas Permeability Measurements. Gas permeation rate tests
on flat dense membranes were carried out at room temperature
(25 °C) by fixed-volume pressure increase instrument, described
in detail elsewhere.>* After thorough evacuation of the membrane
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Figure 2. Temperature dependence of the swelling degree of the
p(VDF-HFP) fluoroelastomer in excess ionic liquid [EMIM][TFSI].

to remove all previously dissolved species, the membrane is
exposed to the feed gas and from that moment the pressure in the
fixed permeate volume is monitored. Measurements were car-
ried out with six permanent gases (He, H,, CHy4, N5, O,, and
CO,). Permeability coefficients, P, were calculated from the
slope of time-pressure curve in steady state condition:>*

RTA pr
1 1
V/J Vm / ( )

pe = po+(dp/dt)yt+

in which p, is the permeate pressure at time #, py is the starting
pressure, (dp/dr)e is the baseline slope. R is the universal gas
constant, 7 is the absolute temperature, A4 is the exposed
membrane area, Vp is the permeate volume, V,, is the molar
volume of a gas at standard temperature and pressure [0 °C and
1 atm], and pyis the feed pressure. The transport properties of the
gases were determined at the feed pressure of 1 bar. A total
membrane area of 11.3 or 34.2 cm® was used.

Results and Discussion

Membrane Preparation. All membranes in this work were
cast from solutions in acetone, a good common solvent
for both the fluoroelastomer and the ionic liquid [EMIM]-
[TFSI]. The membranes were prepared by controlled solvent
evaporation. As a result of the evaporation of acetone (“the
good solvent”) the relative concentration of IL (“the less
good solvent”) and polymer increased. In this way, the
deteriorating solvent quality leads to gelation of the solution
by crystallization of the polymer and to the gradual forma-
tion of a solid film. Upon complete drying at higher tem-
perature, mechanically resistant transparent self-supported
membranes were obtained for all ratios of polymer and ionic
liquid. Often a small amount of IL exudate appeared on
the surface of the membranes as tiny droplets or as a thin
film.

Membrane Swelling and Solubility Tests in[EMIM][TFSI].
Swelling of pure p(VDF-HFP) films in excess IL was carried
out at different temperatures. The degree of swelling (DS) of
the neat polymer films after 48 h was calculated using the
relationship:

DS = (Ws— W)/ W, (2)

where Wy is the weight of the swollen sample and W), is the
weight of the same film before immersion.

It was found that at room temperature (25 °C) the neat
p(VDF-HFP) film swells about 30 wt % in [EMIM][TFSI].
The swelling increases more or less linearly with temperature
up to about 60 °C and then increases dramatically above 70 °C
(Figure 2). Above 90 °C, the polymer becomes completely
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Figure 3. DSC thermograms of the freshly prepared samples during
heating (top), the successive cooling run (middle), and the second
heating run (bottom). Curves are shifted vertically for clarity.

soluble. Once dissolved, the polymer remains in solution
even upon cooling down to room temperature. This behavior
confirms the good compatibility of the polymer with the
ionic liquid. The complete dissolution of the polymer above
90 °C is in accordance with the strong melting point depres-
sion of the membranes with the highest IL content observed
by DSC analysis. Obviously the melting of the crystalline
phase of the polymer corresponds with the point where the
polymer becomes soluble. In this light, swelling of a neat
polymer film in the IL could be a successful alternative
method to prepare IL-containing membranes. However, this
is not suitable to reach high IL concentrations because the
membrane is easily deformed or damaged during the swelling
as a result of the dissolution and extraction of the low molar
mass fraction of the polymer.

Thermal Analysis of the Gel Membranes. The thermal
properties of the membranes were investigated by DSC



42 Macromolecules, Vol. 44, No. 1, 2011

~
o

N (62} D
o o =}
>

w
o
+

n
o
I
t

Heat 1

=
o
t

Heat 2
Cool

Melting/Crystallization enthalpy (J g”')

I I | | I } }
"t L — —rt

0 10 20 30 40 50 60 70 80 90
IL content (%)

o

Jansen et al.

~
o

(2}
o

} n
\

\

o
o
4
7z
\,
N\

>
>
/
s
s
\
\
\
\
\
\

N
o
7

/
.
\
\
\
S

w
o
o
N
1
1
i
i
1
1
!
x
v
\
\
\
\
\
\

Normalized enthalpy (J g'1po,yma,)
N
o

-
o
' L

0 ————+ ¢ I ot —
0 10 20 30 40 50 60 70 80 90
IL content (%)

Figure 4. Total melting and crystallization enthalpy of the overall membranes (left) and after normalization for the polymer content (right). Heat 1,
Heat 2, and Cool indicate the first and second heating run and the cooling run, respectively.

analysis. The results are displayed in Figure 3. With increas-
ing IL content there is a strong decrease of the melting
temperature of the gel in comparison with the pure polymer.
At the same time the strong and relatively sharp peak makes
place for a much weaker and broader melting peak, suggest-
ing a reduction of the average crystal size and/or purity. The
differences in the melting and crystallization peak tempera-
ture are related to the kinetics of the crystallization process.
In the present case the degree of supercooling depends on the
viscosity of the system (related among others to the molar
mass, chain flexibility and polymer concentration) and on
the probability that polymer chains approach one another to
form a stable nucleus (related again to the polymer concen-
tration in the ionic liquid).

Up to 80% of IL in the membrane the gelation is thermally
reversible above room temperature, as can be seen from the
strong endothermal crystallization peak in the cooling
curves. Both the crystallization temperature and the enthal-
py decrease markedly with increasing IL content.

The stable solution obtained during the swelling and
solubility tests of the polymer in the IL is apparently only
possible at very low polymer concentrations. The dissolution
temperature of 90 °C observed in the swelling tests in excess
IL corresponds approximately to the melting point of the
gels, if we extrapolate the data from Figure 3 to higher IL
content and to lower polymer concentration.

Given the thermal reversibility of the gel formation also
the thermally induced phase separation process (TIPS)
should in principle be a possible alternative for the current
solution-casting membrane formation process. Neverthe-
less, from the viewpoint of practical applicability the solu-
tion casting is the better process because it is easier to obtain
thin films, thus limiting the consumption of expensive ionic
liquid.

The overall melting enthalpy of the films decreases almost
linearly with increasing IL content, obviously due to the
lower polymer concentration (Figure 4). However, if this
value is normalized for the polymer concentration, a differ-
ent trend is found: after an initial decrease, going from neat
polymer to 20 wt % of IL, with a further increase of the IL
content the normalized melting enthalpy also slightly in-
creases. This is even more evident in the freshly prepared
sample, in which crystallization has taken place during evap-
oration of the solvent, and it is an indication that crystal-
lization is more efficient due to higher freedom of motion of
single chains in the diluted phase. The measured crystal-
lization enthalpy is somewhat lower than the melting enthalpy
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Figure 5. Wide-angle X-ray diffraction patterns of the membrane
samples (x-axis °26, y-axis counts or arbitrary units). The lines are
shifted vertically for better comparison.

in the second run. This indicates that at the given cooling rate
of 20 °C/min crystallization is not totally complete in the
measurement window shown in Figure 3. Evidently some
further crystallization takes place when the sample is cooled
to —50 °C before the next measurement.

In this light it is interesting to note that the samples with 60
and 80 wt % IL show a quite unique and remarkably sharp
melting peak just below 120 °C in the fresh sample. In the
case of PVDF, which has different crystal polymorphs, it is
known that in solution-cast films the type of solvent can
influence which polymorph will be formed predominantly,*
Also in the present p(VDF-HFP) copolymer we believe that
mainly the short VDF sequences are responsible for the
crystal fraction. Therefore, it is not unlikely that different
polymorphs may have been formed also in the most “di-
luted” samples of the present series. Indeed, the X-ray dif-
fraction pattern shows a significant peak at 260 = 12° only in
the samples with 60 and 80 wt % IL (Figure 5 and the text
below). More detailed studies, such as temperature depen-
dent X-ray diffraction, could confirm this presumption but
this is out of the scope of the present manuscript.

Membrane Structural Properties by X-ray Diffraction
Studies. The wide-angle X-ray diffraction patterns of the
IL gel membranes and the reference membrane of pure
polymer are displayed in Figure 5. The main diffraction
peaks are listed in Table 1. The diffraction patterns confirm
the general trend of decreasing crystallinity with increasing
IL content observed by DSC analysis. In all samples one of
the strongest peaks is located at 26 = 20°. The diffraction
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pattern of the pure polymer shows some remarkable simila-
rities with that of PVDF, which has two intermediate peaks
close together at 260 = 18 and 18.5°, related to the (100) plane
and the (020) plane of the a-polymorph, a very strong peak at
20° related to the (110) plane of the a.-polymorph, and finally
another moderate peak at 27°, due to the (021) plane of the
a-polymorph. Upon addition of the IL, the peaks around
18 degrees and 27 degrees disappear completely and the peak
at 20° shifts to a slightly higher value. This is the typical
position for the (101) plane of the y-polymorph of PVDF.
The only significant novel peak formed at higher IL content
appears in the samples with 60% and 80% of IL at ca. 13°,
corresponding to a d-spacing of 6.78 A. Its origin is not clear,
but given the low polymer concentration, it should presum-
ably involve the IL itself. In these two samples also the DSC
first heating run shows a distinct melting peak which is
absent in the other samples.

The VDF/HFP ratio in the polymer is approximately 4:1
and statistically VDF sequences with an average of 4 mon-
omeric units should be present, The signals are not suffi-
ciently resolved for a positive identification of the crystal
structure but from the low HFP content and the above
evaluation it seems likely that short VDF sequences in the
copolymer are responsible for a PVDF-like crystal phase and
that the presence of the IL favors the formation of one
polymorph rather than the other, in the present case prob-
ably y instead of o.. The effect of solvents or additives on the
polymorph of solution-cast PVDF films is well-known.?®
Also the melting enthalpy of our copolymer (42 J/g) is quite

Table 1. Diffraction Angles (20) of the Main Diffraction Peaks
of the IL Gel Membranes with the Corresponding Interplanar
Distances (d-Spacing)

IL content (wt %)

diffraction angle,

26 (deg) 0% 20% 40% 60% 80% d-spacing (A)
13.0 ~ + + 6.78
17.8 ++ ~ 4.97
20 +++ -+ A+ 4.43
27.1 ++ 3.28
36 + ++ o~ ~ o~ 2.49
38.9 +++ 2.32
39.6 ++ o~ ~ 2.27
40.9 + 2.20
42.1 + ~ 2.14
56 ~ ~ ~ 1.64
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close to that of PVDF (ca. 50 J/g in the second heating run?”),
justifying the hypothesis of a PVDF-like crystal phase.

Mechanical Properties. All membranes were obtained as
flexible dense films with sufficient mechanical resistance to
be handled without difficulties. The tensile tests were per-
formed on small strips of the films and the results are given in
Figure 6 as a function of the ionic liquid content. The ionic
liquid has a very strong plasticizing effect on the polymer,
causing already at only 20 wt % of IL a decrease of the elastic
modulus of an order of magnitude. This is also due to the
decrease in crystallinity compared to the neat polymer, as
confirmed by DSC. At the same time the break strength of
the polymer decreases as a result of the incorporation of the
IL. With further increasing IL content both the Young’s
modulus and the break strength decrease to about 3 and 2
MPa, respectively.

In contrast, the maximum deformation first increases with
increasing IL content because of the reduced rigidity and the
increased flexibility of the plasticized polymer, and then it
rapidly decreases again above 40% of IL, when the gel
becomes too weak to undergo a strong plastic deformation.
At high IL content, the polymer is more diluted. Under these
conditions there is less overlap of the polymer coils in
solution and as a consequence the intrachain crystallization
becomes relatively more important than interchain crystal-
lization. The latter is responsible for the formation of the
physically cross-linked network, and as a consequence the
sample loses its mechanical strength and its elasticity.

Gas Transport Properties. The presence of the ionic liquid
strongly affects the transport properties of the polymer, but
up to about 60 wt % of ionic liquid the membranes still
behave more as a glassy polymer rather than as a rubbery
polymer. Thus, as the IL content in membrane samples rises,
the permeability of all gases investigated increases dramati-
cally (Figure 7). However, the less permeable species
(nitrogen and methane) and the most soluble carbon dioxide
increase their permeation rate much more than small mole-
cules like helium and hydrogen. Indeed, due to its very stiff
nature and the relatively high crystallinity, the neat polymer
behaves as a barrier material and its selectivity is mainly
determined by its size sieving properties. With increasing IL
content the samples become more flexible and this favors the
transport of the originally slow species, such as methane and
nitrogen, as well as the species with high solubility, such as
CO,. The much higher solubility of CO, in comparison with
N> and H, determines the difference in the absolute value of
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Figure 6. Young’s modulus, E (left) and the maximum break strength, R,,, and maximum deformation, ¢ (right), as a function of the IL content.
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the permeability but does not influence to a large extent the
trend as a function of the IL content.

As a consequence the CO,/N, and the CO,/CHy selectivity
values undergo only a slight decrease, while the H,/N,
selectivity decreases rather strongly with increasing IL con-
tent (Figure 7).

On the contrary, as the IL concentration rises, the CO,/H,
selectivity shows a remarkable increase, because of the
significantly higher positive effect of the IL on the CO,
permeability than on the hydrogen permeability. The rela-
tively high CO, permeability is probably an effect of the
affinity of CO, for the ionic liquid, and thus of the high
solubility of this gas in the membrane. If this is generally

applicable, then the presented type of membranes can be
successfully used in the separation of those mixtures where
species with a significantly different affinity for the ionic
liquid are present.

Membranes with such a large CO,/H; selectivity are quite
uncommon because hydrogen is usually the faster permeat-
ing species. Indeed, in his famous diagrams, Robeson repre-
sents the permeation data for the CO, and H, gas pair as the
H,/CO> selectivity against the H, permeability.”® Thus,
whereas one usually searches for membranes with a high
H,/CO, selectivity, the present membranes behave in the
opposite way and might be interesting for those applications
where CO, must be removed from a hydrogen stream and
where hydrogen should remain at high pressure. An alter-
native Robeson diagram of the CO,/H, selectivity against
the CO, permeability was presented by Patel et al.” (Figure 8).
The increase of the upper bound line in this diagram corre-
sponds with the trend in our own experimental data. It is
interesting to note that all our data are significantly above the
general trend in the data, indicating that IL gel membranes are
indeed promising candidates for the given separation.

Conclusions

The fluoroelastomeric polymer p(VDF-HFP) forms stable gels
in the ionic liquid [EMIM][TFSI], enabling the successful pre-
paration of resistant free-standing membranes by solution casting
of the polymer/ionic liquid mixture, followed by controlled
solvent evaporation. The membranes consist of a thermorever-
sible polymeric gel in which crystallization of p(VDF-HFP) is
responsible for the network structure, as supported by DSC and
X-ray diffraction analysis. The polymer shows a good compat-
ibility with the IL and may swell up to 30% at room temperature,
while it becomes soluble at 90 °C or higher, depending on the
concentration of IL.

The presence of IL in the polymer causes a decrease of the
elastic modulus of several orders of magnitude and a significant
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reduction of the break strength over the entire concentration
range. On the other hand, the maximum deformation initially
increases to over 1000% and then decreases for an IL content
above 40%. This is due to a compromise between the increased
elasticity of the gel (lower Young’s modulus), leading to higher
elongations, and the reduced break strength, leading to lower
elongations.

DSC analysis shows a strong decrease of the polymer melting
point in the gel as a function of the IL content and a decrease of
the overall melting enthalpy. However, normalized for the poly-
mer concentration, the melting enthalpy tends to increase at the
higher IL concentrations, presumably due to more efficient chain
folding as a result of the lower viscosity and higher mobility of the
polymer chains in the IL solution.

The gas permeability strongly rises with the IL concentration
and the transport of larger and more condensable species is
favored over that of the smaller molecules. The separation thus
changes from a diffusion-controlled process to a solubility-
controlled one. The CO,/H, selectivity is unusually high for this
reason, offering perspectives for application of these membranes
in environments where carbon dioxide must be separated from
hydrogen while the latter remains at high pressure.
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ABSTRACT: We have uncovered a novel polycondensation strategy for the synthesis of well-defined poly-
amides of narrow molecular weight distributions based on modifications of our sequential self-repetitive reaction
(“SSRR”) previously developed for diisocyanate—dicarboxylic acid polymerization. In our newly discovered
SSRR polyamide formation mechanism, a small amount of hindered carbodiimide, N,N'-bis(2,6-diisopropyl-
phenyl)carbodiimide (iPr-CDI) or a hindered isocyanate such as 2,6-diisopropylphenyl isocyanate (iPr-NCO),
was introduced to the polymerization as an initiator, followed by simultaneous addition of diisocyanates
and diacids monomers. By using this new reaction mode, the SSRR mechanism produces polyamide products
of narrow molecular weight distributions with their dispersities reduced to 1.2—1.4, which is far lower than a
range of >2.5 found in regular SSRR reactions. Significantly different from a conventional step-growth or
standard SSRR reaction, the formation of a polymer backbone is preferential when the diacid is added to the
requisite iPr-CDI in the first step, followed by a rearrangement to form amide and fragmented components for
SSRR. The control of molecular weight is mainly attributed to the acid addition favoring the unhindered poly-
CDI intermediates in the middle of the growing chains over the hindered-CDI at the chain terminals. It appears
that the formation of a “hindered isocyanate” and the subsequent formation of a “new hindered-CDI” at the
terminal end of growing amide-chains in each SSRR cycle force the acid again toward the preferred unhindered
CDI sites dictating the observed outcome. This simple polyamide synthesis methodology is unique and
unconventional, and it could significantly facilitate the development of tailored-made polyamides from a variety

of diisocyanates and diacids.

Introduction

In recent years, synthesis of structurally well-defined poly-
mers has been one of the most active areas of polymer research.
Particularly, living free radical polymerlzdtlons such as atom-
transfer radical polymerization (ATRP) nitroxide-mediated
free radical polymerization (NMRP),** and reversible addition—
fragmentation chain transfer polymerization (RAFT)>™” have
been extensively developed to synthesize polymers with narrow
molecular weight distributions. All of these synthetic methods are
based on vinyl monomer addition to the terminal active sites of
the growing backbones. This vinyl monomer addition polymer-
ization differs from the conventional condensation polymeriza-
tions which proceed through a step-growth mechanism that allows
monomers and the growing oligomers to react randomly with
each other simultaneously. This random step-growth mechanism
in the condensation polymerization produces polymers with a
wide range of molecular weight distributions. However, Yokozawa
et al.® '® have recently demonstrated the ability to control
molecular weights and dispersities of condensation polymers such
as polyamides, polyesters, and polyethers by “chain-growth con-
densation” of para-substituted AB-type aromatic monomers. They
manipulated the condensation reaction through introduction of
an activated functional group in the polymerization steps; thereby
creating a preferred site and thus a sequence for the new monomer
addition. This general principle has inspired and ushered in new
efforts for finding “controlled” condensation polymerization.'’

In our previous paper in this series, we described a “sequential
self-repetitive reaction (SSRR)” for the synthesis of polyamide
through condensation of diisocyanate with diacid in the presence

*Corresponding authors. (S.A.H.) E-mail: shdai@dragon.nchu.edu.tw.
(J.J.L.) E-mail: jianglin@ntu.edu.tw. Telephone: + 886-4-2285-1283. Fax:
+ 886-4-2287-4159.
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of a carbodiimide (CDI) catalyst.'®!” The standard “SSRR”
reaction involves three basic repetitive yet sequential reactions
including: (i) condensation of two isocyanates into a CDI in the
presence of a CDI catalyst (DMPO)?° (ii) addition of acid to the
CDI to yield N-acylurea and (iii) thermal fragmentation of the N-
acylurea to form amide and isocyanate fragments both in half of
the original molar amount, (Scheme 1). It was observed that step i
and step i1 were very facile even at a ambient temperature,

whereas step iii could only be effective at a temperature of greater
than 140 °C.>'~?* However, when this three-step cycle repeats
under heated conditions with sufficient acid, all of the isocyanate
and CDI are converted i 1nt0 dmlde as the final product inexcellent
conversion and selectivity.'®!® By extending this unique metho-
dology, we have devised a new twist to the SSRR process by
addition of small amount of a hindered carbodiimide (CDI) such
as N,N'-bis(2,6-diisopropylphenyl)carbodiimide, iPr-CDI 1, or a
hindered isocyanate such as 2,6-diisopropylphenyl isocyanate,
iPr-NCO 7. Doing so creates terminally new hindered-CDIs
(PiPr-CDI type 10, Scheme 4) on the growing polymer chains.
Introduction of the terminally new hindered-CDIs has been
found to form “less-reactive” CDI-sites than those of the un-
hindered CDI counterparts on the regular polymer chains for the
“SSRR” cycles. These sterically new hindered-CDIs were found
to control the site and sequence of the acid addition. As the con-
sequence, polyamides 4a’—4f of low dispersities were prepared
from varieties of diacids 2a—2f and methylene diphenylene
diisocyanate (MDI) 3 as shown in Scheme 2.

Results and Discussion

The new DMPO-catalyzed polycondensations from diisocya-
nates and dicarboxylic acids are basically the same as those of the
regular SSRR,'®!1%2472¢ where both intermediates were added

© 2010 American Chemical Society
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Scheme 1. The Standard “SSRR” Reaction
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Scheme 2. New “SSRR” Polyamide Synthesis with a Hindered Carbodiimide Initiated Polymerization of Diisocyanate and Diacid
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into a solution containing a catalyst at about 180—200 °C. How-
ever, due to the new addition of iPr-CDI 1 in the beginning of the
new reaction, iPr-CDI 1 reacted with diacid 2 forming an amide
terminated monoacid 6 as one of the initiation steps of the poly-
merization (Scheme 3). In the meantime, 2,6-diisopropylphenyl
isocyanate (iPr-NCO, 7) generated was found to slowly create
new hindered-CDI at the terminal end of the growing polymer
chains as shown in Scheme 4, Scheme 5 and Scheme 6. Therefore,
two types of CDIs, the diisopropyl-phenyl containing new hindered-
CDI type at the terminal ends of the polymer chains and the unhin-
dered CDIs type, such as 10, 13 or 16 at the midportions of their
growing chains were both created in the new SSRR polymerization
process mainly through cross-condensation involving iPr-NCO 7.

First, condensation of MDI 3 monomer under the catalyst of
DMPO was converted into poly-CDI products 8 at a rapid rate.
iPr-NCO 7 being the “less-reactive” isocyanate serves as a regu-
lator in the polymerization by facilitating the capping of poly-
CDI 8 and residual isocyanates 9 slowly under the catalytic action
of DMPO (Scheme 4). Both condensation reactions create
unsymmetrically new hindered-CDI groups at the terminal end of
poly-CDI-chains 10. PiPr-CDI terminated poly-CDI 10 was
found to go forward with the chain-growth reaction with the
monoacid 6 in formation of acylureas 11 thereby starting the
SSRR sequence as shown in Scheme 5. By this mechanism, the

propagation of the growing polyamide chains takes place pre-
ferentially at the unhindered CDI-sites (such as 13) through SSRR.
Overall as shown in Schemes 5 and 6, the mode of polymeriza-
tion constitutes controlled insertions of diacid 2 onto unhindered
polyamide-CDIs sites at the midportions of the polymer chains
followed by fragmentation of the resulting acylureas to form
polyamide 16 and new isocyanates 12 for further repetitive
reactions leading to 4 as the final product.

The proof of the proposed mechanism operative in this new
SSRR is shown in the isolated polyamides which all possess
diisopropyl-phenyl groups at their terminal ends as evidenced by
the NMR spectroscopy of polymer products featured either in
parta or part b of Figure 1 as a urea-terminated PA due to water
treatment. This result confirms that iPr-CDI 1 indeed was
involved in the major polymerization process. The FT-IR mon-
itoring of the reaction mixture provided additional evidence of
the proposed reaction mechanism. Our FT-IR spectral analysis
based on authentic and synthesized model compounds, Figure 2
revealed that the initial CDI absorption at 2169 cm™ ' of iPr-CDI
1 disappeared rapidly upon addition of diacid 2, indicating that
iPr-CDI 1 was consumed readily. Coinciding with the disappear-
ance of the iPr-CDI 1 absorption is the emergence of a new
isocyanate absorption of iPr-NCO 7 at 2290 cm™ * confirming the
initiation reaction of iPr-CDI 1 (Figure 2a). Meanwhile, at the
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Scheme 3. Initiation Mechanism of New SSRR through iPr-CDI 1 and Diacid 2
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Scheme 4. Propagation Mechanism of PiPr-CDI Terminated 10
Formation through Capping of 8 and 9 by iPr-NCO 7
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early stage of adding MDI 3/diacid 2 monomers to the reaction
mixture, the isocyanate IR absorption at 2260 cm™ ' correspond-
ing to MDI 3 though visible, was converted into poly-CDI pro-
ducts 8 at a rapid rate, evidenced by the appearance of strong IR
doublet absorptions at 2136 and 2112 cm™ ' (Figure 2a). This
observation is indicative of a rapid conversion of MDI 3 into
unhindered poly-CDI oligomers 8. Upon further propagation
between MDI 3 and diacids 2 at 190 °C, the hindered isocyanate
absorption of iPr-NCO 7 at 2290 cm ™' became gradually dimin-
ished as shown in Figure 2d. Toward the end of the reaction, twin
CDI peaks at 2136 and 2112 cm ™! which both correspond to the
poly-CDI 8 absorptions originating from MDI 3 merged gradu-
ally into one new peak at 2152 cm ™' This absorption was attributed
to polymers such as 10, 13, 16 or 4 with unsymmetrically new
hindered-CDI type at the terminal of the polymer chains. This IR

5
i
—_— NH—C—R—COOH + OCN
(iii) fragmentation
6 7

(amide I) (regulator)
(ii) addition 1 +10 (i) condensation l +8
-CO,

acylurea, 11 PiPr-CDI formation, 9

spectral assignment is consistent with that of the model unsym-
metrical N'-phenyl-N-(2,6-diisopropylphenyl) CDI, (PiPr-
CDI) 20 as shown in Figure 3b, and this model unsymmetrical
N'-phenyl-N-(2,6-diisopropylphenyl) CDI (PiPr-CDI) 20, and
this model unsymmetrical N'-phenyl-N-(2,6-diisopropylphenyl)
CDI, (PiPr-CDI) 20, was synthesized and isolated in 58% accord-
ing to the reactions shown in Scheme 7.?” The new hindered-CDI
absorption at 2151 cm ™" (Figure 2, parts c—f) persists in the poly-
meric solution toward the end of polymerization at 200 °C. These
observations are consistent with our proposed new SSRR mecha-
nism shown in Schemes 3, 4, 5, and 6 showing the initiation, CDI
active-site formations, propagation, and then the termination.

Most unexpectedly, the generated polyamides 4 by this new
SSRR process were found to have narrow molecular weight
(MW) distributions of less than 1.40 in molar ratios of iPr-CDI/
MDI/IA of 1/5/5and 1/10/10 respectively by GPC analysis shown
in Figure 4, parts a and b. The molecular weights increased
linearly indicating that the controlled mechanism is operative
from 3838 molecular weight for 1/5/5 for iPr-CDI/MDI/PA up to
6424 for 1/20/20 (Figure 5, parts a and b). These dispersities of
less than 1.40 are substantially different from those without the
use of hindered CDI 1 as the initiator such as in part ¢ of Figure 4
showing a dispersity of >2.5. This general synthetic procedure
has been successfully extended to synthesize polyamides 4’ with a
variety of diacids 2 including isophthalic acid (IA), 2,6-pyridine-
dicarboxylic acid (PA) and 4,4'-sulfonyldibenzoic acid (SA),
adipic acid (AA), azelaicacid (AZA), and 1,10-decanedicarboxylic
acid (DA), all with MDI 3 as the common diisocyanate, and all
producing well-defined polyamides 4a’—4f’ with narrow MW
distributions of less than 1.4 as shown in Table 1.7

Other pieces of data supporting the proposed mechanism
were found through our model study shown in Scheme 8a where
benzoic acid 22 was added to a mixed solution containing five
molar excess of both unhindered diphenyl carbodiimide (diphenyl
CDI) 21 and the hindered iPr-CDI 1 in a competitive reaction.
Through the amide product analyses in HPLC after the reaction,
it was found that the relative addition rates of benzoic acid 22
to these two CDIs was determined to be in a ratio of as large as 4 to
1 at 140 °C in favor of unhindered phenyl CDI 21 in formation of
the amides 23. Furthermore, in a similar model competitive study
for Scheme 8b between two addition sites of internal unsym-
metrical PiPr-CDI 20, the preferred addition site to form acylurea
is also shown to favor the unhindered side of intermolecular
dissymmetrical PiPr-CDI 20 by a ratio of 2.4 to 1.0 in formation
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Scheme 5. Propagation Mechanism of iPr-amide Terminated Poly-CDI Formation 13 through Addition of Monoacid 6
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of their respective amides.” Thus, both these data support our
proposed mechanism that the unhindered CDIs are favored
kinetically in the addition reaction in Schemes 5 and 6.

Moreover, DMPO catalyzed trans-CDI disproportion reaction
shown in Scheme 9a should also be taken into account in overall
mechanism because this disproportion reaction will also lead to
the formation of new hindered-CDI 20.*° This model study shown
in Scheme 9a was carried out by addition of DMPO catalyst into
the 1:1 molar mixture of mixed iPr-CDI 1 and diphenyl CDI 21
solution at 140 °C. It was found that 32% of PiPr-CDI 20, the
trans-CDI disproportion product, was found in the reaction
solution after 4 h of equilibration. Furthermore, mixing of iPr-
NCO 7 and diphenyl CDI 21 in mole ratio of 2 to 1 at 140 °C for
an hour has also resulted in an isocyanate-CDI exchange reaction
in formation of unsymmetrical CDI 20 as the major product
(83%) in the mixture shown in Scheme 9b.’! Therefore, this
trans-CDI disproportion reaction along with the isocyanate-CDI
exchange reaction are capable of shifting the long poly-CDI
chains 8 toward terminally hindered-CDI compounds such as 10.
In another words, these reactions are alternative paths of forming
intermediates of new hindered-CDI type 10 with two discernible
CDI-reaction sites.

Finally, proof of our proposed mechanism was further re-
inforced by a controlled polymerization experiment, where high
molecular weight unhindered poly-CDI containing polyamides
26 was prepared first by mixing excess MDI 3 and diacids 2¢ in
the molar ratio of 10 to 8 at 180 °C in solution with DMPO.

NH—&—R—ICII—NH—Ar~€N=C=N—Ar>—N=C=N
n-1

13
(Type 10-PolyCDI)
(amide II)

As indicated by GPC in Figure 6a, several high molecular unhin-
dered poly-CDI containing polyamide components 26 were
observed, but the major fraction is the one having a molecular
weight of 52373 and a dispersity of 2.15. After the reaction was
stabilized, a small amount of iPr-CDI initiator 1 together with the
rest of requisite diacid 2¢ were added to the reaction mixture as
the second step. We observed the reshuffling of the product
distribution in the ensuing reactions at 180 °C, and after 3 h of
stirring, a new polyamide 4¢’-2 with M,, = 18,538 with dispersity
of 1.22 (shown in Figure 6b) was isolated. On the basis of the
results revealed in GPC analysis in Figure 6, we could postulate
reaction sequences of the change in Scheme 10 and this result
reinforces the fact that iPr-CDI 1 is essential and critical in our
controlled polyamide formation. However, it is important to
point out that the addition of iPr-CDI 1 works in those cases, only
when polyamides still possess CDI or isocyanate groups in its
main chains. This is due to the need for the regulator to operate
through trans-CDI disproportion reaction and isocyanate-CDI
exchange reaction. We also found that this controlled polymer-
ization could be also accomplished by replacing iPr-CDI 1 by iPr-
NCO 7 as the initiator which achieves the same result (see exam-
ple polyamide 4¢’-3) because interconversion of iPr-NCO 7 and
PiPr-CDI 20 is rapid as shown in Scheme 9b.

Conclusions

A unique and simple methodology has been found for synthe-
sizing well-defined polyamides from diisocyanates such as MDI
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Scheme 6. Polyamide 4 Formation through Selective Addition of Diacid 2 to iPr-amide Terminated Poly-CDI 13 in The New SSRR Cycles
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and diacids to form polyamides of narrow molecular weight dis-
tributions (dispersity < 1.4). The new SSRR mechanism involves
creation of two types of CDIs of different reactivity toward
carboxylic acid, i.e. the new hindered-CDI and unhindered CDIs,
through the introduction of iPr-CDI, followed by sterically con-
trolled addition of carboxylic acid to the preferred unhindered
CDl initially. In this new process, the new hindered-CDI sites
play a regulating role until unhindered CDIs are consumed
preferentially. This preferred reaction at center each time will gen-
erate intermediates and products of type 10 and type 13 of
approximately the same lengths, and thus it results in the
formation of controlled polyamides with low dispersities. The

chemistry behind the new mechanism seems complex; however,
the process itself is straightforward, with high-yield and versati-
lity for making final well-defined polyamides. More results of
this developed polymerization strategies in other polymer appli-
cations will be reported shortly.

Experimental Section

Materials. N,N'-Bis(2,6-diisopropylphenyl)carbodiimide (iPr-
CDI) 1 was supplied under the trade name of Stabaxol 1 by Rhein
Chemie Rheinau GmbH and used without further purifica-
tion. Isophthalic acid (IA) 2a was purchased from Lancaster,
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Figure 1. 'H NMR spectra for (a) aromatic polyamide 4a’-2 (iPr-CDI/MDI/IA = 1/10/10) and (b) aryl-aliphatic polyamide 4¢’ (iPr-CDI/MDI/AZA =

1/10/10).

2,6-pyridinedicarboxylic acid (PA) 2b from Aldrich, 4,4'-sulfonyl-
dibenzoic acid (SA) 2¢ from Acros, adipic acid (AA) 2d from
Showa, azelaic acid (AZA) 2e from Aldrich, and 1,10-decanedi-
carboxylic acid (DA) 2f from Alfa. All of the above chemicals were
used without further purification. 4,4'-Methylenebis(phenyl iso-
cyanate) (4,4’-MDI) 3 was received from BASF, and freshly
distilled under reduced pressure before use. 1,3-Dimethyl-3-phos-
pholene oxide (DMPO) was received from GRECO of Taichung,
Taiwan. 2,6-Diisopropylphenyl isocyanate 7, phenyl isothiocya-
nate 17, and 2,6-diisopropylaniline 18 were purchased from Acros

and used without further purification. Sodium hydroxide was
purchased from Fisher Chemical and tetra-n-butylammonium
bromide was received from Alfa. Benzoic acid 22 and sodium
hypochlorite solution (12%) were purchased from Showa and
used as received. Phenyl isocyanate 25 was purchased from Fluka
and used without further purification. Acetonitrile (AN) and
dichloromethane (DCM) were purchased from Tedia. Tetrahy-
drofuran (THF) and chloroform were purchased from Tedia,
distilled over calcium hydride and stored on molecular sieves.
N-Methyl-2-pyrrolidone (NMP) was received from Tedia, distilled
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Figure 2. FT-IR monitoring of spectra of polyamides 4a-1 (iPr-CDI/MDI/IA = 1/5/5) after completing addition of monomers at 200 °C: (a) 0 min;

(b) 7 min; (¢) 15 min; (d) 30 min; (¢) 1 h (f) 3 h.

over calcium hydride and stored on molecular sieves before use. V,
N-Dimethylformamide (DMF) was received from Mallinckrodt
Chemicals, distilled over calcium hydride, and stored on molecu-
lar sieves before use.

Measurements. '"H NMR spectra was recorded on Varian
Inova 200 MHz. Chemical shifts were given in d, and the cou-
pling constants J were given in Hz. The spectra were recorded in
solvents such as CDCl; or DMSO-dg at room temperature, and
chemical shifts were given relative to the solvent signals. FT-IR
was carried out using a Perkin-Elmer Spectrum One FT-IR
spectrometer. Elemental CHN analysis was performed on a
Heraeus CHN-OS rapid analyzer. Electron ionization mass
(EIMS) analysis was performed on a ThermoQuest MAT
95XL apparatus. The molecular weights (M) were determined
by gel permeation chromatography (Shodex GPC with a Shodex
RI detector) and calibrated by polystyrene standards. In the
GPC analysis, both degassed N,N-dimethylformamide (DMF)
and N-methyl-2-pyrrolidone (NMP) were used as the eluent and
performed at a flow rate of 1.0 mL min~'. NMP was used partly
in the cases where less soluble polyamide and analyzed. HPLC
was performed using a 5 m spherical particle/100 A pore size
column (Hypersil-100 C18, Thermo Electron Corporation)
using a UV detector with its UV band set at 254 nm with 50% or
100% of AN/water as an eluent at a flow rate of 0.5 mL/min.
The resulting polyamide products were quenched by pouring
into water followed by filtration. Polyamide products were
purified by low-polar solvent (chloroform or THF) and were
vacuum-dried into polyamide powder before testing.

Synthesis of Polyamides 4a’—4f (Scheme 2). Synthesis of
Aromatic Polyamides 4a'—4¢ . Reaction of N,N'-bis(2,6-diiso-
propylphenyl)carbodiimide (iPr-CDI) 1 with 4,4’-methylenebis-
(phenylisocyanate) (MDI) 3 and isophthalic acid (IA) 2a in the
molar ratio of iPr-CDI/MDI/IA = 1/10/10 is given here as a
typical example. Into a 100 mL, three-necked, round-bottomed

flask equipped with a thermometer, a nitrogen gas inlet tube, a
reflux condenser, an oil bath, and a magnetic stirrer, was placed
10 mL of dry NMP and was heated to 180 °C. 1,3-Dimethyl-3-
phospholene oxide (DMPO, 0.050 g) and iPr-CDI 1 (0.363 g,
1 mmol) were added into the hot NMP solution and stirred for
305s. Freshly distilled MDI 3 (2.500 g, 10 mmol) and IA 2a (1.660 g,
10 mmol) were dissolved in 20 mL of dry NMP and were then
added dropwise into the NMP solution in 6 min at 180 °C. The
reaction was further heated to 202 °C for 3 h. The reaction was
monitored by FT-IR. The peak absorption at 2112, 2136, 2260,
and 2290 cm ' disappeared and was replaced by new hindered-
CDI absorption at 2151 cm™! in approximate 30 min. The new
peak absorption at 2151 cm ™! was persisted to the rest of 2.5 h.
The resulting product 4a-2 solution was quenched by 500 mL of
water, filtered and dried, to yield 3.582 g (99%) of crude poly-
amide 4a’-2 (light yellow solid). FT-IR analysis of the crude
product showed the CDI peak absorption at 2151 cm™ ! dis-
appeared and was replaced by urea/amide complex absorption
at 1668 cm~'. A small portion of product (0.5 g) was further
purified by dissolving in about 5 mL of NMP solvent, following
by precipitating from 50 mL of chloroform (70% yields). The
detail results of FT-IR, '"H NMR, and GPC for aromatic
polyamides were described below.

Synthesis of Aromatic Polyamide 4a’-1. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4,4'-
methylenebis(phenylisocyanate) (MDI) 3 and isophthalic
acid (IA) 2a in the molar ratio of iPr-CDI/MDI/IA = 1/5/5.
Yield = 98% of a light yellow solid. FT-IR (KBr cm™'): 1668
(amide, C=0), 3288 (amide, N—H). 'H NMR (200 MHz,
DMSO-ds, 6, ppm): 1.05—1.18 (t, 24H, iPr—CH;), 3.25—
3.43 (t, 4H, iPr—CH), 3.90 (s, 2nH, Ph—CH,), 7.20—7.24
(d, (4n + 6)H, Ar—H), 7.66—7.73 (t, 5nH, Ar—H), 8.10—8.13
(d, 2nH, Ar—H), 8.50 (s, InH, Ar—H), 10.37 (s, 2nH, N—H).
GPC (DMF): dispersity = 1.27, My, = 18923, M, = 14900.



Article

(a)

(b)

(c)

(d)

Macromolecules, Vol. 44, No. 1, 2011 53

2154
-N=C=N-
Polyamide—< >—N=C=N
1665
4a-1 amide C=O\
! | ! | ! I ' | ! I ! | ! |
4000 3500 3000 2500 2000 1500 1000 500

Wavenumber (cm™)

Figure 3. Model FT-IR spectrum of (a) diphenyl carbodiimide 21; (b) N'-phenyl-N-(2,6-diisopropylphenyl) carbodiimide 20; (c) N,N'-bis(2,6-
diisopropylphenyl) carbodiimide 1; and (d) hindered CDI-capped polyamide 4a-1 (iPr-CDI/MDI/IA = 1/5/5).

Scheme 7. Synthesis of Model Unsymmetrical N -Phenyl-N-(2,6-diisopropylphenyl) Carbodiimide (PiPr-CDI) 20: (a) Synthesis of N'-Phenyl-
N-(2,6-diisopropylphenyl) Thiourea 19; (b) Synthesis of Model V' -Phenyl-N-(2,6-diisopropylphenyl) Carbodiimide (PiPr-CDI) 20
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Synthesis of Aromatic Polyamide 4a’-2. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4.4'-
methylenebis(phenylisocyanate) (MDI) 3 and isophthalic
acid (IA) 2a in the molar ratio of iPr-CDI/MDI/IA = 1/10/10.
Yield = 99% of a light yellow solid. FT-IR (KBr cm™'): 1668
(amide, C=0), 3288 (amide, N—H). "H NMR (200 MHz,
DMSO-dq, 6, ppm): 1.05—1.18 (t, 24H, iPr—CH3), 3.26—3.32
(t,4H, iPr—CH), 3.90 (s, 2nH, Ph—CH,), 7.19—7.24 (d, (4n + 6)H,
Ar—H),7.66—7.72 (d, 5nH, Ar—H), 8.10—8.14 (d, 2nH, Ar—H),
8.50 (s, 1nH, Ar—H), 10.37 (s, 2nH, N—H). GPC (DMF):
dispersity = 1.30, M, = 22880, M, =17600.

Synthesis of Aromatic Polyamide 4a’-3. Reaction of 4,4'-
methylenebis(phenylisocyanate) (MDI) 3 with isophthalic
acid (IA) 2a in the molar ratio of iPr-CDI/MDI/IA = 0/1/1.
The detail procedure for preparing polyamide 4a’-3 was de-
scribed below. Yield = 98% of a light yellow solid. FT-IR
(KBr cm™'): 1668 (amide, C=0), 3288 (amide, N—H).
'H NMR (200 MHz, DMSO-ds, o, ppm): 3.90 (s, 2nH,
Ph—CH,), 7.20—7.24 (d, (4n + 6)H, Ar—H), 7.62—7.73
(m, 5#H, Ar—H), 8.10—8.13 (d, 2nH, Ar—H), 8.50 (s, 1nH,
Ar—H), 10.37 (s, 2nH, N—H). GPC (DMF): dispersity = 6.006,
M, = 122419, M, = 20201.
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Figure 4. GPC profiles (DMF) of polyamides 4a’-1—4a’-3 prepared by new SSRR: (a) polyamide 4a’-1 of iPr-CDI/MDI/IA = 1/5/5; (b) polyamide
4a’-2 of iPr-CDI/MDI/IA =1/10/10; (c) polyamide 4a’-3 of iPr-CDI/MDI/IA = 0/1/1 (no iPr-CDI 1 as initiator).

Synthesis of Aromatic Polyamide 4b'-1. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4.4'-
methylenebis(phenylisocyanate) (MDI) 3 and 2,6-pyridinedi-
carboxylic acid (PA) 2b in the molar ratio of iPr-CDI/MDI/
PA =1/5/5. Yield = 91%of a light red brown solid. FT-IR
(KBrem ™ 1): 1677 (amide, C=0), 3297 (amide, N—H). '"H NMR
(200 MHz, DMSO-dg, d, ppm): 1.13—1.15 (s, 24H, iPr—CH3),
3.23—3.42 (t, 4H, iPr—CH), 3.95 (s, 2nH, Ph—CH,), 7.27—7.30
(d, (4n+ 6)H, Ar—H), 7.79—7.83 (d, 4nH, Ar—H), 8.28—8.34 (t,
3nH, Ar—H), 10.97 (s, 2nH, N—H). GPC (NMP): dispersity =
1.29, M,, = 4951, M, = 3838.

Synthesis of Aromatic Polyamide 4b'-2. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4,4'-
methylenebis(phenylisocyanate) (MDI) 3 and 2,6-pyridinedi-
carboxylic acid (PA) 2b in the molar ratio of iPr-CDI/MDI/
PA = 1/7.5/7.5. Yield = 93% of a light red brown solid. FT-IR
(KBrem™): 1677 (amide, C=0), 3297 (amide, N—H). '"H NMR
(200 MHz, DMSO-dq, 0, ppm): 1.12—1.15 (d, 24H, iPr—CH3),
3.23—3.42 (t, 4H, iPr—CH), 3.95 (s, 2nH, Ph—CH,), 7.27—7.30
(d, (4n + 6)H, Ar—H), 7.79—7.83 (d, 4nH, Ar—H), 8.29—8.34
(t, 3nH, Ar—H), 10.97 (s, 2nH, N—H). GPC (NMP): dispersity =
1.29, M, = 5270, M,, = 4085.

Synthesis of Aromatic Polyamide 4b'-3. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4.4'-
methylenebis(phenylisocyanate) (MDI) 3 and 2,6-pyridinedi-
carboxylic acid (PA) 2b in the molar ratio of iPr-CDI/MDI/
PA = 1/10{10. Yield = 96% of a light red brown solid. FT-IR
(KBrem ™ 1): 1677 (amide, C=0), 3297 (amide, N—H). "H NMR
(200 MHz, DMSO-ds, 6, ppm): 11.11—1.14 (d, 24H, iPr—CH3),
3.30—3.38 (t, 4H, iPr—CH), 3.93 (s, 2nH, Ph—CH,), 7.25—7.28
(d, (4n + 6)H, Ar—H), 7.78—7.82 (d, 4nH, Ar—H), 8.28—8.32
(d, 3nH, Ar—H), 10.96 (s, 2nH, N—H). GPC (NMP): dispersity =
1.30, M, = 6042, M,, = 4643.

Synthesis of Aromatic Polyamide 4b'-4. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4.4'-
methylenebis(phenylisocyanate) (MDI) 3 and 2,6-pyridinedi-
carboxylic acid (PA) 2b in the molar ratio of iPr-CDI/MDI/
PA = 1/12.5/12.5. Yield = 95% of a light red brown solid.
FT-IR (KBr cm™'): 1677 (amide, C=0), 3297 (amide, N—H).
'H NMR (200 MHz, DMSO-ds, 6, ppm): 1.13 (s, 24H,
iPr—CH3;), 3.26—3.40 (t, 4H, iPr—CH), 3.94 (s, 2nH, Ph—CH,),
7.26—7.29 (d, (4n + 6)H, Ar—H), 7.78—7.82 (d, 4nH, Ar—H),
8.33 (s, 3nH, Ar—H), 10.96 (s, 2nH, N—H). GPC (NMP):
dispersity = 1.35, M, = 6817, M,, = 5049.

Synthesis of Aromatic Polyamide 4b'-5. Reaction of N,N'-
bis(2,6-diisopropylphenyl)carbodiimide (iPr-CDI) 1 with 4.4'-
methylenebis(phenylisocyanate) (MDI) 3 and 2,6-pyridinedi-
carboxylic acid (PA) 2b in the molar r